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Thermo-mechanical processing plays an important role in materials property optimization 
through microstructure modification, required by demanding modern materials applications.  
Due to the critical role of austenitic stainless steels, such as 316L, as structural components in 
harsh environments, e.g. in nuclear power plants, improved degradation resistance is desirable.  
A novel two-dimensional plane strain machining process has shown promise achieving signifi-
cant grain size refinement through severe plastic deformation (SPD) and imparting large strains 
in the surface and subsurface regions of the substrate in various metals and alloys.  The defor-
mation process creates a heavily deformed 20 – 30 micron thick nanocrystalline surface layer 
with increased hardness and minimal martensite formation. Post-deformation processing anneal-
ing treatments have been applied to assess stability of the refined scale microstructures and the 
potential for obtaining grain boundary engineered microstructures with increased fraction of low-
energy grain boundaries and altered grain boundary network structure.  Varying the deformation 
and heat treatment process parameters, allows for development of a full understanding of the 
nanocrystalline layer and cross-section of the surface substrate created.  Micro-characterization 
was performed using hardness measurements, magnetometry, x-ray diffraction, scanning and 
transmission electron microscopy to assess property and microstructural changes. This study 
provides a fundamental understanding of two-dimensional plane strain machining as a thermo-
mechanical processing technique, which may in the future deliver capabilities for creating grain 
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boundary engineered surface modified components, typified by a combination of grain refine-
ment with improved grain boundary network interconnectivity attributes suitable for use in harsh 
environments, such as those in commercial nuclear power plants where improved resistance to 
irradiation stress corrosion cracking is desirable. 
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1.0  INTRODUCTION 
1.1 CURRENT PROBLEMS 
Austenitic stainless steels play an important role in the global industry and are widely 
used in application areas including chemical, paper, energy, transport, and machinery.  However, 
for nuclear power plant reactor environments degradation incidents by intergranular stress corro-
sion cracking (IGSCC) of highly irradiated internal reactor components, such as the baffle bolts 
and control rod guide tube split pins, have been reported recently [1, 2].  More specifically, these 
degradation incidents have been attributed to irradiation assisted stress corrosion cracking 
(IASCC) [1, 2]. Over the operating lifetime, nuclear power plant reactor core internal compo-
nents of a pressurized water reactor (PWR) can experience temperatures as high a 400°C, neu-
tron flux at 5.1x10
13
 neutrons per cm
2
 per s, with energies of E>1.0 MeV, neutron fluence at 40 
years of 6.44x10
22
 n cm
-2
 (E>1.0 MeV) or on average ~90 displacements per atom (DPA) [3].  In 
recent years, failures of reactor core internal components have been reported after accumulating 
fluence as low as 5 x 10
20
 n/cm
2
 (E >1 MeV), or ~0.7 DPA, in boiling water reactors (BWR), 
and at approximately one order of magnitude higher fluences, ~5 x 10
21
 n/cm
2
, in some PWR [4].  
The fundamental problem of IASCC is linked directly to surface degradation of 316L.  There-
fore, it is posited here that these degradation challenges presumably can be addressed by improv-
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ing the thermodynamic stability and the mechanical strength of the material in the surface or sur-
face near regions of components.    
1.2 COMPLEX ISSUES INTRODUCED DUE TO IRRADIATION 
Radiation damage occurs by discrete particle-particle interactions through various forms 
of elastic or inelastic scattering and thermal neutron capture [5].  With enough kinetic energy, a 
displaced atom, the primary knock-on atom (PKA), will displace other atoms from lattice sites, 
creating a large number of point defects in a damage cascade.  The associated supersaturation of 
point defects produced under such irradiation conditions eventually leads to genesis of other lat-
tice or crystal defects, such as point defect clusters, dislocations, voids, etc [5].  The sequence of 
events in irradiation damage starts off with incoming particle, which is either a neutron or high 
energy gamma ray, (time = 0 seconds) that causes a scattering event displacing the PKA (time = 
~10
-16
 seconds), which goes to on to displace other atoms from their lattice sites creating a series 
of series displacements (vacancy and interstitial point defects) known as a displacement cascade 
(time = ~10
-14
 seconds).  As the displacement cascade grows, the vacancy and interstitial point 
defects will recombine in a process known as a cascade collapse (time = ~10
-12
 seconds); mean-
while, the point defects that do not recombine will migrate and cluster together (time = ~10
-9
 
seconds).  The clustering of point defects will lead to accumulation of damage in the material 
(time = ~10
-6
 seconds to ~ 10 years) [5, 6].  The irradiation damage results in evolution of the 
material microstructure and associated property changes. The presence of a high density of intra-
granular crystal defects (e.g. point defects, point defect clusters, faulted Frank dislocation loops, 
irradiation induced precipitation) can result in mechanical hardening and loss of fracture tough-
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ness of the polycrystalline materials, such as the stainless steels used in reactor internal compo-
nents. Additionally, as vacancy clusters coalesce, voids are created, which leads to bulk volumet-
ric swelling in the material.  The most immediate effect of radiation on metals is radiation-
enhanced diffusion (RED), which is an increase in diffusion rate due to the large number of new 
point defects that are constantly generated in the damage cascades by the high energy irradiation 
[7].  The RED leads to increased segregation rate at suitable locations within the grains (intra-
granularly) and at grain boundaries (intergranularly), which are phenomena known as radiation-
induced segregation (RIS).  The effects of intergranular RIS observed in steels include enrich-
ment of nickel, silicon and phosphorus and depletion of chromium at the grain boundaries rela-
tive to the nominal alloy composition [8].  Notably, elemental segregation at grain boundaries 
has been associated with increased susceptibility to IGSCC for stainless steels [5]. 
The estimation of depth of radiation damage can be difficult to determine due to several 
contributing factors, such as neutron energy, length of irradiation exposure, and neutron energy 
attenuation.  When a uranium atom is split, 2.5 neutrons on average are born from this fission 
reaction.  These neutrons are slowed via light water moderation to thermal neutron energy, 
~0.025 eV, for continued fission of uranium atoms.  Some of the neutrons generated by the fis-
sion reactions escape and may cause material damage.  The energy of a neutron can be estimated 
from elastic scattering by using equation (1); where  is the final energy,  is the initial energy, 
n is the number of collisions, and  is the average logarithmic energy decrement (for hydrogen, 
this value is 1).   The number of collisions of the neutron with the hydrogen atom in water to re-
duce it from fission neutron energy, 2 MeV, to thermal neutron energy is about 19 collisions [9].  
The penetration depth of a neutron can be estimated from the neutron mean free path length, 
 4 
which is the average distance the neutron travels before a scattering interaction occurs. Using 
equations (4), (5), and (6), the neutron mean free path length can be determined; where  is the 
microscopic cross section of scattering or absorption,  is the macroscopic cross section of scat-
tering or absorption,  is the density of the austenitic steel,  is Avogadro’s number, and  is 
the neutron mean free path length.  Using the associated microscopic cross sections associated 
with 316L for a thermal neutron [10], the neutron mean free path is determined as about 8 mm, 
which would indicate a large depth before irradiation damage would occur and accumulate.  
There is a thermal neutron energy distribution with 0.025 eV being the most likely energy; there-
fore, there is a neutron mean free path length distribution with 8 mm being the most likely 
length.  However, for this estimate of 8mm penetration depth, the assumption is that the thermal-
ized neutron immediately enters the stainless steel. This is a poor assumption, as there is some 
distance between the fuel assembly, where the neutrons are initially produced or ‘born’ in the 
fission process, and the stainless steel reactor internal components.  As the neutron travels 
through the light water of the coolant medium and other condensed matter on its way to the 
stainless steel component it loses kinetic energy and hence the velocity of the neutron drops off 
prior to interaction with the stainless steel. There is a relationship of the thermal neutron interac-
tion cross-section with neutron velocity, i.e., .  Reduced neutron velocity results in larger 
scattering cross sections and reduced penetration depth and mean free path length. For example, 
if a fission neutron undergoes 27 collisions, which equates to millimeters of distance as such is 
the distance between the fuel and baffle assembly, prior to entering the 316L stainless steel, the 
neutron mean free path length is only 0.098 mm or ~10µm.  Additionally, the neutron energy 
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will be attenuated as it travels through the steel due to the alloying elements as described by 
equation (3). In equation (3), I is the final intensity,  is the initial intensity,  is the linear coef-
ficient of absorption, and  is the thickness traveled.  The majority of the irradiation damage oc-
curs near the surface of the material, which leads to potential voids and RIS near the surface sig-
nificantly enhancing susceptibility to IGSCC.  The radiological dissociation of water into  
and  creates additional corrosively active agents to attack potentially susceptible surface sites 
weakened by irradiation and stress effects.  Therefore an investigation into methods to improve 
surface degradation from irradiation effects, where the majority of the damage occurs, appears 
warranted.                
      
  (1) 
    (2)  
    (3) 
    (4) 
 (5) 
     (6) 
     (7)   
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1.3 GRAIN BOUNDARY DESIGN AND CONTROL  
IGSCC resistance has been reported to depend on the nature of the grain boundary [11].  
The concept of "grain boundary design and control" has been previously introduced, where the 
bulk properties of materials could be improved by controlling the grain boundary nature [12].  A 
method of describing the grain boundary structure is through the coincident site lattice (CSL) 
model [13]. According to the CSL model, the number of coincident sites of the lattices from ad-
jacent grains in the boundary plane gives a measure of the degree of coincidence, which is relat-
ed to excess free energy of the internal interface, i.e., the grain boundary energy. For example, 
increasing the number of coincident lattice sites, the degree of coincidence, corresponds to a re-
duction in grain boundary energy. Grain boundary segments that can be described by this 
framework, so called low energy CSL boundaries, typically exhibit significantly reduced grain 
boundary energy relative to grain boundary segments of a more random structure for which less 
than one percent of lattice sites coincide. These latter high-energy boundaries can be referred to 
as random or general high-angle grain boundaries. Within the CSL framework the special 
boundary structures are described by the sigma-N notation, N, where N is an integer and de-
scribes the inverse of the number of lattice sites coincident per unit area of the grain boundary 
segment.  A 3 CSL boundary would entail a grain boundary segment where every third lattice 
site coincides for the two adjoining grains either side of the boundary. An increased fraction of 
low energy CSL grain boundaries may improve specific properties of polycrystalline materials. 
Thus, low number CSL boundaries N with N≤29, ( ), have been associated with high re-
sistance to sliding, reduced creep rate, and enhanced IGSCC resistance [14, 15].  The most 
common low energy CSL boundaries are deformation induced or annealing induced twins, also 
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known as 3 CSL grain boundary.  Twin formation is common, especially in face-centered cubic 
(FCC) alloys with low stacking fault energy (SFE). Low SFE in FCC alloys potentially reduces 
ductility and may promote premature failure.  FCC metals with a wide stacking faults (low SFE) 
strain-harden more rapidly, twin easily on annealing, and show a different temperature depend-
ence of flow stress than metals with narrow stacking faults, i.e., those with a high SFE.  Metals 
with high SFE exhibit a deformation substructure comprised of dislocation tangles and cells, 
while low SFE metals show a deformation substructure of banded linear arrays of dislocations 
[16].  Deformation twins are formed in FCC metals by motion of dissociated unit dislocations, 
i.e., when a perfect dislocation separates into two Shockley partials separated by a layer or rib-
bon of stacking fault.  The width of the stacking fault is determined by the balance between re-
pulsive force between the two partial dislocations and the attractive force deriving from the sur-
face tension of the stacking fault [17].  Austenitic stainless steels such as 316L are FCC alloys 
and have a low to intermediate SFE, which is estimated at 62.95  using the empirically derived 
and alloy composition dependent equation (8) [18].     
 
SFE  = -53 + 6.2(%Ni) + 0.7(%Cr) + 3.2(%Mn) + 9.3(%Mo) (8)        
Not only is the fraction of low energy CSL grain boundaries, the special grain bounda-
ries, important to IGSCC resistance, but the grain boundary network topology is essential in min-
imizing intergranular crack propagation.  The importance of the grain boundary network topolo-
gy of random and special grain boundaries has been theoretically modeled using percolation the-
ory [19-24] by treating the crystal grains as being separated by either strong or weak links. 
Strong links are formed by grain boundary segments with low disorientations, low energy CSL 
 8 
boundaries, or by triple junctions with atleast two low energy CSL boundaries. Conversely, ran-
dom or non-low energy CSL boundaries are characterized as weak links.  Similarly, triple junc-
tions involving a majority of or only non-CSL boundaries are considered weak links in the GB 
network. Most models using standard percolation theory assume a random distribution of weak 
and strong links.  However, the distribution of orientations of the grains of a material may devi-
ate from a random distribution, which can be described using a concept known as the texture of 
polycrystalline materials.  Texture has been shown to influence the probabilities of the types of 
boundaries that can occur in a material, and the distribution of the triple junctions [25].  It has 
been demonstrated that the length of intergranular stress corrosion cracks is expected to decrease 
as the special boundary fraction increases [20, 24].  These models describe the importance of 
network topology. The grain boundary network topology can be changed through grain boundary 
engineering (GBE), which has the aim of increasing the fraction of special boundaries and also 
by changing the topology of the associated grain boundary network structures, e.g. by reducing 
interconnectivity of the weak link segments by introducing more strong link segments of grain 
boundary.  For FCC metals and alloys with intermediate to low SFE this can be accomplished 
through thermomechanical processing. Cycles of plastic deformation and annealing fragment the 
network of random grain boundaries, creating a distribution of strong links in the network struc-
ture and thereby providing microstructural obstacles to crack propagation.   
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1.4 SURFACE MODIFICATIONS TECHNIQUES TO ADDRESS CURRENT PROB-
LEM 
Surface modification is a means of applying GBE directly to regions most susceptible to 
crack propagation.  Some of the novel surface modification techniques to perform grain bounda-
ry engineering include shot peening (SP), laser shock peening (LSP), and low plasticity burnish-
ing (LPB), surface mechanical attrition treatment (SMAT), and two-dimensional (2-D) linear 
plane-strain machining.   
SP is a surface deformation process in which hard particles repeatedly impact the surface 
of a component with high kinetic energy, creating surface and subsurface compressive residual 
stress [26].  Residual stresses are the stresses that remain in the material once the load has been 
removed [16].  SP is a widely used technique for imparting compressive residual stress, which 
minimizes crack propagation [25], but also has a few drawbacks, including:  
(i) Shot peening intensity is not uniform across the component being peened;  
(ii) Compressive residual stress is limited in depth usually not exceeding 0.3 mm in soft 
metals and less in harder metals;  
(iii) Peening process results in a roughened surface, which requires removal before use in 
wear applications, thereby reducing or eliminating the compressive stress layer [27].  
  
LPB is a type of deep rolling deformation process that imparts minimal plastic defor-
mation (3-5% cold working) while creating deep compressive residual stress in the material [28].  
Compressive residual stresses can be imparted to greater than 1 mm in depth. However, the lack 
of availability of this proprietary process and the associated high costs limit its usefulness. 
 10 
LSP is a deformation process in which a laser shot strikes a material, and propagates a 
shock wave through the material creating compressive residual stress.  The strain rate from this 
process can be as high as ~10
7
 [29] with minimal cold working (<9%) [30]. However, high costs 
of the required instrumentation, equipment and trained personnel, together with long processing 
times and limited availability prevent large-scale adaptation of this process.   
SMAT is a technique similar to SP except, (i) balls are not fired directly into the material, 
but rather controlled by a ultra-sonic frequency vibration generator, (ii) the balls used are smooth 
and smaller, and (iii) random directional impacts are typical [31-33].  This process creates a 
grain-refined layer by high strain and strain rate plastic deformation. The major disadvantage of 
SMAT is the inability to scale the surface modification process without high costs for equipment.  
2-D linear plane-strain machining is a surface plastic deformation process involving chip 
formation from a single pass orthogonal machining related technique [34-36].  This surface de-
formation process also creates a grain refined layer process that produces strain rates between 
10
4
 and 10
5
, and can be adopted for large scale production, while remaining cost efficient [34].  
For example, 2-D linear plane-strain machining could be applied to large sheets for production of 
a grain-refined layer in a single pass at room temperature relatively rapidly, within seconds. 
Meanwhile other means of production of nanostructured materials involve special geometries, 
unique equipment, and long processing time of up to many hours (e.g. in LSP or SMAT) to pro-
duce the same grain refined layer. This clearly shows plane-strain machining has potential to 
produce grain refined layers on materials at far lower costs than other processes.  2-D linear 
plane-strain machining is the least common and least explored of the surface modification pro-
cesses and methods. Hence further experimental study of its potential as a surface deformation 
method for GBE approaches appears indicated. 
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The grain-refined region produced through 2-D plane-strain machining offers benefits 
and drawbacks regarding performance related properties of austenitic stainless steels.  Because 
of the high strain and strain rate, formation of strain induced martensite (SIM) is likely to occur 
along with the significantly reduced grain size, which in combination are expected to increase 
the hardness [37] and strength [38] of the material.  The increased strength will require a higher 
stress to continue crack propagation, which therefore can be considered a positive attribute of the 
2-D plane strain machining modified surfaces.  However, the increased martensite content will 
lower the fracture toughness of the material. In the nuclear reactor internal environment neutron 
irradiation hardening also further induces embrittlement, which taken together with the marten-
site would result in increasing crack propagation susceptibility.  The reduced grain size signifi-
cantly increases the number and length of grain boundaries in the material. The increased density 
of internal interfaces, grain boundaries might be expected to increase the resistance to deleterious 
irradiation related effects on the properties of the material.  Grain boundaries have different 
atomic configurations and local atomic densities than those of the crystal of the intragranular 
(grain interior) regions. The internal surfaces, the intergranular boundaries, grain boundaries act 
as sinks for point defects, especially self-interstitials, generated by the irradiation.  The sinks ab-
sorb or facilitate annihilation of irradiation induced point defects [5].  Increasing the number 
density of grain boundaries through grain refinement therefore results in lower point defect con-
centrations in the material. Decreased point defect concentrations will lower both RED and RIS 
effects.  On the flip side, the increased number of grain boundaries allows for a potentially weak-
er grain boundary network due to the plastic deformation induced increase in random grain 
boundaries in it.  A balance is required between minimizing RIS effects and creating a grain 
boundary network topology with large fractions of strong links.  The grain refinement to the sub-
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microcrystalline or nanometer scale regimes alone would not appear to be sufficient to impart the 
desired improved resistance to IA degradation of the stainless steel. Additionally, GBE would 
appear to be required to facilitate formation of a GB network topology with enhanced resistance 
to degradation in the nuclear reactor internal environment. 
1.5 RESEARCH OBJECTIVES 
To address the chronic issue of surface degradation, an investigation has been undertaken 
to advance the current state of the understanding regarding formation of a gradient microstruc-
ture in the subsurface regions of 316L austenitic stainless steel that is thermally stable in order to 
improve degradation resistance relevant for nuclear power applications using 2-D linear plane-
strain machining.  To gain a full understanding of the deformation technique on the substrate, 
characterization of the produced chip will be necessary.  Analytical methods of transmission 
electron microscopy (TEM), scanning electron microscopy (SEM), and x-ray diffraction (XRD) 
will be used to provide statistically significant and representative data sets for analyzing morpho-
logical changes to develop microstructural mechanism based understanding of the surface modi-
fication process and associated heat treatments.  The goal of this research is development of an 
improved understanding of the deformation evolution as a function of the process parameters, 
specifically strain rate. This is essential to determine the grain boundary network interconnectivi-
ty, and grain refinement, quantity of strain induced martensite, and change in mechanical 
strength caused by the machining process on the surface substrate.  In addition, an understanding 
of the evolution of the plastically deformed microstructure as function of annealing temperature 
will need to be developed in an effort to develop optimized grain boundary engineered micro-
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structures in the 36L material.  By altering the deformation process parameters along with the 
proper heat treatment the microstructure will change, enabling the tailoring of the material prop-
erties for the most desirable performance for its intended application. 
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2.0  BACKGROUND AND LITERATURE REVIEW 
2.1 STRESS CORROSION CRACKING 
The requirements for stress corrosion cracking (SCC) to occur are a susceptible metal, a 
corrosive environment, and sufficient tensile stress to induce SCC.  There are three major mech-
anisms to describe the SCC process: (i) Active path dissolution, (ii) hydrogen embrittlement, and 
(iii) film induced cleavage [5].   
The active path dissolution process involves accelerated corrosion along a path in the mi-
crostructure with higher than normal corrosion susceptibility, the active path, with the bulk of the 
material typically being passive. The most common active paths in a typically polycrystalline 
aggregate used in engineering applications are the grain boundaries. Especially in alloys, where 
segregation of impurity elements can make passivation of certain grain boundaries marginally 
more difficult, such active paths can develop [5]. For example, when an austenitic stainless steel 
has been sensitized by precipitation of chromium carbide along the grain boundary, the local 
chromium concentration at the grain boundary and in the grain interiors in the vicinity of the car-
bide precipitate will be reduced.  This process can occur in the absence of stress, giving rise to 
intergranular corrosion that is uniformly distributed over the specimen [39]. The effect of the ap-
plied stress is mainly to open up the cracks initiated along the active path, thereby allowing en-
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hanced transport of corrosion products away from the crack tip and facilitating faster corrosion 
of the crack tip [40].  
The second mechanism is hydrogen embrittlement.  Hydrogen dissolves in all metals to at 
least a moderate extent.  Because of its small size, it is an interstitial atom in the crystals of the 
metal.  Consequently it can diffuse much more rapidly than larger atoms through the lattice and 
along grain boundaries.  Hydrogen tends to be attracted to regions of high triaxial tensile stress 
where the metal crystal lattice structure is dilated [41]. Thus, it is drawn to the regions ahead of 
cracks or notches that are under stress. The dissolved hydrogen then assists in the fracture of the 
metal by making cleavage easier and by assisting in the development of intense local plastic de-
formation [42]. These effects lead to embrittlement of the metal, which can be explained by the 
hydrogen-enhanced localized plasticity (HELP) mechanism model [43].  Proposed by Beachem 
[44], the HELP mechanism is based on the enhanced mobility, increased dislocation velocity for 
a given applied stress, of dislocations due to enhanced plasticity at the crack tip in the presence 
of hydrogen atoms.  The shielding of elastic fields of the dislocations by the hydrogen atoms 
causes increased dislocation velocity. This allows dislocations to move along the glide plane 
more easily and assists in overcoming slip barriers.  The local accumulation of dislocations from 
the enhanced mobility can lead to establishment of soft channels in the grains ahead of the cracks 
potentially leading to cracking that may be either intergranular or transgranular. Crack growth 
rates are typically rapid, up to 1 mm/s in the most extreme cases [45]. The BCC crystal structure 
of ferritic iron has relatively small holes between the metal atoms, but the channels between 
these holes are relatively wide. Consequently, hydrogen has a relatively low solubility in ferritic 
iron, but a relatively high diffusion coefficient. In contrast, the holes in the FCC austenite lattice 
are larger, but the channels between them are smaller. So, austenitic and FCC materials, such as 
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austenitic stainless steel, have a higher hydrogen solubility and a lower hydrogen diffusion coef-
ficient than BCC ferrite [41].  Consequently, it usually takes very much longer (years rather than 
days) for austenitic materials to become embrittled by hydrogen diffusing in from the surface 
than it does for ferritic materials. Therefore, austenitic alloys are often regarded as immune to 
embrittlement from the effects of hydrogen [41]. 
The third major mechanism of SCC is film-induced cleavage.  If a normally ductile mate-
rial is coated with a brittle film, then a crack initiated in that film can propagate into the ductile 
material for a small distance (around 1 µm) before being arrested by ductile blunting [45]. If the 
brittle film has been formed by a corrosion process then it can reform on the blunted crack tip 
and the process can be repeated. The brittle films that are best-established as causing film-
induced cleavage are de-alloyed layers such as in brass.  With brass, it has been shown to frac-
ture on the cleavage plane leading to discontinuous crack propagation in a distinct cleavage pat-
tern (river pattern and ledges), this can result in transgranular fracture [46].  However, gold al-
loys have been shown to crack intergranularly [47], leading to the conclusion that the type of 
dominant fracture mode during film-induced cleavage based SCC is dependent on the material. 
2.2 INTERGRANULAR STRESS CORROSION CRACKING PRE-REQUISITES 
Three factors that will lead to IGSCC include:  
(i) Active corrosion by the aggressive environment, which coupled with incomplete pas-
sivation of the material, will leave localized regions for accelerated and preferential at-
tack;  
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(ii) Material deformation leading to both matrix hardening and localized rupture of the 
oxide film;  
(iii) Local deformation under triaxial state of stress results in a stress concentration allow-
ing for transport of ionic species in the aqueous environment into the stressed region [48].    
 
In thermally sensitized austenitic stainless steels, such as the 304- and 316-grades used in 
reactor internal components, the formation of chromium-rich intergranular carbide, M23C6, re-
sults in significant depletion of chromium at significant segments of grain boundaries [49].  
This depletion can result in either the complete loss of the protective passive film, resulting in 
active path corrosion, or a less protective film, which can be easily disrupted by deformation 
[50].  Both of these processes will result in localized grain boundary attack leading to IGSCC.   
2.3 EFFECT OF STRESS ON INTERGRANULAR STRESS CORROSION CRACK-
ING  
Another factor to consider in IGSCC is the applied stress.  Below a threshold stress, crack 
growth rate is so low that failure is considered improbable [51].  All engineering components 
will typically contain defects, such as notches, sharp changes in section, and welds that will pro-
duce a local stress concentration.  Locally, the stress concentration may exceed the threshold 
stress even though the nominal stress is below the threshold stress.  Additionally, residual stress-
es produced by welding or deformation may be close to the yield stress [52].   Fracture mechan-
ics takes these defects into account [16] by determining the rate of growth of a pre-existing 
crack, which is measured as a function of the stress intensity factor at the tip of the crack [51].  
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The minimum stress intensity factor at which crack propagation occurs is referred to as the 
threshold stress intensity factor for stress corrosion crack growth in mode I plane strain loading, 
KISCC.  For a stress intensity above KISCC the crack growth rate increases rapidly. However, there 
is a limiting rate known as the plateau crack growth rate or velocity [51, 53]. As the stress inten-
sity factor continues to increase, the crack growth rate eventually begins to increase again as the 
stress intensity factor approaches the critical stress intensity factor for fast fracture, KIC [53].  
Management of the KISCC is key in approaches to maximizing component and material lifetime.  
By maintaining the stress and maximum defect size to a stress intensity factor below KISCC, crack 
growth and stress corrosion failure can be avoided [45].  Another factor to consider with the 
stress effects on IGSCC is the decreasing percentage of chromium protecting the grain bounda-
ries, which is essential where RIS affects the material.  Previously, it has been shown in slow 
strain rate testing of thermally-sensitized type 304 stainless steel that the percentage of inter-
granular cracking increases rapidly as grain boundary chromium levels decrease below a critical 
level.  The critical value can be as high as 16 wt% Cr at sufficiently low strain rates [54].  Even 
in the case where the local stress concentration at the crack tip is well below KISCC, RIS can low-
er the chromium concentration at the grain boundary, potentially allowing crack propagation to 
occur.  
2.4 IRRADIATION ASSISTED STRESS CORROSION CRACKING PRE-
REQUISITES 
Once ionizing radiation is introduced, the necessary conditions for IGSCC are altered.  
The factors for IASCC to occur are ionizing radiation, susceptible material, tensile stress, and a 
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corrosive environment as shown in Figure 1.  Irradiation alters the material by elemental redistri-
bution through RIS and may damage the passive film causing the material to be more susceptible 
to IGSCC.  As the material is irradiated, the response to stress is altered to due effects of neutron 
embrittlement, irradiation climb, and slip localization.  Additionally, ionizing radiation changes 
the activity of the aqueous environment through radiolysis by producing radicals and molecules 
such as , , and .  Radiolysis is caused by both neutron and gamma radiations.  Typi-
cally, gamma radiation reduces how aggressive the aqueous environment is through the recom-
bination of radicals and activated complexes [55].  Neutrons are more efficient at forming radi-
cals with little to no recombination due to their higher energy transfer rate. Therefore, neutrons 
tend to dominate the radiolysis process creating a more aggressive aqueous environment [56].  
The aggressiveness of the aqueous environment is not only determined by amount of irradiation, 
but also by temperature, pressure, presence of dissolved solutes and gases, activity, and pH.  As 
the factors are altered, it is directly related to changes in electrochemical corrosion potential.  
Andresen [57] has shown high electrochemical corrosion potentials and an associated sensitivity 
of the crack growth rate as a result of  neutron-induced radiolysis products, specifically hydrogen 
peroxide, H2O2.  To combat this issue, the nuclear industry has implemented hydrogen water 
chemistry management strategies to minimize IASCC.  Hydrogen is injected directly into the 
coolant and combines with dissolved oxygen. This lowers the electrochemical corrosion potential 
of the coolant, thereby mitigating against the detrimental effects from neutron induced radiolysis.  
Additionally, introducing noble metals, such as palladium, as a minor alloy addition (<1 wt%) 
attracts the dissolved oxygen minimizing the required hydrogen required to lower the electro-
chemical corrosion potential [58].  
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Figure 1. Venn diagram of IASCC pre-requisite conditions. Note that the radiation environment 
tends to enhance the three conditions related to material, environment and stress state. 
2.5 2-D LINEAR PLANE-STRAIN MACHINING  
2-D linear plane strain machining is a surface modification process that produces severe 
plastic deformation as a result of chip formation in simple plane-strain machining where a sharp 
wedge-shaped tool removes a preset depth of material ( ) by moving in a direction perpendicu-
lar to its cutting edge [34], which is shown schematically in Figure 2.  The chip produced is a 
type 2 chip, which is a continuous chip.  The pressure of the tool, which is dependent on the rake 
angle, α, forces the material ahead of the cutting edge to deform plastically both in compression 
and in shear.  Friction between the chip and tool may produce additional deformation that is ap-
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produce additional deformation that is applied onto the chip.  The plastic zone ahead of the tool 
edge is referred to as the primary zone of deformation, and the deformation zone on the rake face 
is usually referred to as the secondary zone of deformation [59].  Both the primary and secondary 
zones of deformation will produce heat that will increase the temperature of the materials and 
interfaces involved in the deformation process.  The effective magnitude of the primary defor-
mation zone is dependent on the rake angle ( ), cutting speed (v), material characteristics, and 
frictional heat produced.  Material characteristics that affect the primary deformation zone are 
dependent on strength, strain hardening, strain rate ( ), and heat conductivity [59].  Typical re-
sults show that large rake angle tools produce less overall deformation; meanwhile, small or neg-
ative rake angle tools, produce a significant deformation [34, 60].  The primary deformation zone 
produces a highly concentrated shear zone, referred to in the ideal case as the shear plane with 
little or no compression.  The average shear strain ( ) and  imposed in the chip can be estimated 
using equations (9) and (10) [61, 62]. 
 
 (9) 
 
  (10) 
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Where the shear angle ( ) is calculated from a measurement of  and  (deformed chip 
thickness) as shown in equation (11). 
 (11) 
Hence, regarding the treatment of the strain, strain rate and temperatures arising during 
the 2-D plane strain machining process the resulting chip is reasonably well characterized from a 
theoretical point of view. Experimental data available on effective strain, associated strain rates 
and temperature field developments for the chip produced during the 2-D plane strain machining 
generally confirms predictions from the theoretical treatments.  Unfortunately, theoretical treat-
ments for the effects on the surface and near-surface region, sub-surface regions of the bulk sub-
strates exposed to the plastic deformation and thermal cycles associated with 2-D plane strain 
machining have not been developed to the same level of confidence and sophistication as for the 
Figure 2: 2-D linear plane-strain machining schematic 
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chip. Thus significant uncertainty remains regarding the stress/strain states, nature of defor-
mations and thermal exposures for the bulk substrate surface and sub-surface region.   
2.6 COMMON SEVERE PLASTIC DEFORMATION TECHNIQUES 
Severe plastic deformation (SPD) is a generic term describing plastic deformation pro-
cessing techniques involving very large strains, which are imposed without significantly altering 
the geometry of the work piece [63].  When the material is deformed where the geometry is pre-
served, the free flow of material is prevented, producing significant hydrostatic pressure, which 
leads to high densities of crystal lattice defects.  Two principle techniques for producing severe 
plastic deformation (SPD) is equal-channel angular pressing (ECAP) and high-pressure torsion 
(HPT).  ECAP is a process where a die containing two channels, equal in cross-section intersect-
ing at an angle that is generally close to 90 degree, are utilized to press a sample through the die 
using a plunger.  This processing was first used in the Soviet Union about 30 years ago [64], and 
it is recognized that this processing leads to very substantial grain refinement in the material [65, 
66].  The strain imposed on the sample processed through ECAP is dependent upon both the 
channel angle between the two channels. A higher strain is imposed the closer to 90 degrees the 
angle of intersection is [67].  For a perfectly conforming work piece and an angle of 90˚ one pass 
through the die imparts a strain equivalent of unity. Since the cross-sectional dimensions of the 
sample remain unchanged on passage through the die, repetitive pressing may be used to attain 
very high strains in total during multiple pass processing by ECAP.   
The SPD procedure of HPT involves a sample in the form of a disk, which is held under a 
high pressure, and then subjected to torsional straining [68].  Both ECAP and HPT processing 
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have two advantages of producing exceptionally small grains sizes, often in the nanometer range 
(<100 nm), and of providing a capability for processing brittle materials such as intermetallics 
and semiconductors [69, 70].  The major disadvantage of these techniques is that the specimen 
dimensions are confined based on the size of the apparatus and multiple passes may be required 
to apply SPD to the material.  Even though these techniques are not ideal for producing a ther-
mally stable layer as the SPD is observed throughout the entire material, these methods can serve 
as a precedent or benchmark for SPD when characterizing the microstructures produced by the 2-
D linear plane strain machining.  
2.7 HEAT TREATMENT 
There are three different stages of in the response to annealing type heat treatments de-
pending on the temperature applied to the plastic deformation processed material, namely, recov-
ery, recrystallization and grain growth.  The recovery stage or simply recovery includes process-
es in which the stored strain or energy is reduced in the deformed grains through the vacancy and 
point defect mobility related rearrangement of dislocations or removal through the absorption of 
the point defects and dislocations by the grain boundaries [71].  During this process, high angle 
grain boundaries (HAGBs) do not migrate, the grain size is not significantly altered and the pri-
mary changes in the microstructure are the reduction of the stored strain and the dislocation den-
sity.  The recrystallization stage, recrystallization, is defined as the set of processes associated 
with strain-free grains of low dislocation density replacing deformed grains with much higher 
dislocation density [72]. Typically, recrystallization is associated with a change in texture of the 
polycrystalline aggregate. The driving force for recrystallization processes is the stored strain 
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energy in the grain boundaries and in the deformed grains, the dislocation content, leading to mi-
gration of the HAGBs.  Grain growth, the third stage in the annealing response of cold-deformed 
metals and alloys, is the process that takes place when the driving force of recovery and recrys-
tallization, reduction of stored energy, is less than the driving force of grain growth, which is de-
rived chiefly from reduction of excess free energy via reduction of total area of grain boundaries 
[71].  To reduce the total area of grain boundaries, a grain grows and consumes other grains to 
reduce the number of grains and therefore grain boundaries per volume of material, lowering the 
overall excess free energy of the polycrystalline aggregate.  
Research on severe plastic deformation (SPD) of metals and alloys has suggested that 
dynamic recovery and recrystallization may occur during the deformation processing of the ma-
terial [37, 73, 74].  Due to the temperature rise in the material from the deformation process, no-
tably the majority of the mechanical strain energy associated with the plastic deformation strain 
is converted to heat during cold deformation, recovery and recrystallization processes will anni-
hilate dislocation by driving them to the grain boundaries and convert the low angle grain 
boundaries of the subgrains into HAGB of newly nucleated stress-free grains. Thus enormous 
grain refinement can be accomplished by SPD processing. These new smaller stress-free grains 
constitute the microstructure of the heavily grain refined polycrystalline aggregate after SPD 
processing and are responsible for the mechanical behavior and other properties, such as the in-
crease in strength.  The dislocation bow-out model describes the pinning behavior of these 
smaller grains on the mobility and glide activation of dislocations during plastic yielding and 
flow [74].  The plastic yielding occurs in this model when the dislocation configuration reaches a 
semi-circle at the critical stress.  After yielding, the dislocation will tend to create a dislocation 
loop around the grain known as an Orowan loop making subsequent dislocation motion in the 
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same glide plane by another dislocation more difficult [17].  However, the dislocation could also 
become incorporated into the grain boundary under appropriate circumstances, thereby altering 
the grain boundary structure of the SPD microstructure. This process affects the strain rate sensi-
tivity, which has a direct effect on flow stress leading to an effect on creep rates.  The strain rate 
sensitivity exponent  is defined in equation (12), 
 (12)      
where  is the flow stress,  is the strain rate, and  is the temperature. Typical values of 
 at gran sizes  are  for BCC Fe [75].  These values are an 
order of magnitude smaller than for microcrystalline grain sizes in stainless steel, in which 
 [75].  Nanocrystalline grain refinement has a completely different response to changes 
in the strain rate sensitivity exponent than micron and submicron grain refinement processes, 
such as conventional cold rolling.  In these techniques, the typical trend is the strain rate sensitiv-
ity exponent increases as grain size decreases [16].  Since the strain rate sensitivity exponent val-
ues for nanocrystalline grain refinement techniques are too small for grain-boundary sliding 
( ) or coble creep ( ) [76], these grain boundary related creep phenomena are un-
likely to occur in 2-D linear plane strain machining unless the strain rate is very small and/or 
temperature is relatively high [77, 78].  As mentioned previously, nuclear power plant applica-
tions can experience temperatures as high as 340°C.  This temperature corresponds to about 
0.37TM for austenitic stainless steel with TM~1673K. Because  increases exponentially with 
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respect to flow stress as temperatures increases, this creates a significant difference in creep be-
havior between different grain sizes.  For a given temperature rise, the nanocrystalline grains are 
more likely to be thermally stable. Necking and the eventual failure due to creep would occur 
first in the microcrystalline grain sized stainless steel.  Hence, some unexpected behaviors and 
performance related property combinations are predicted to derive from grain size refinements to 
the nanocrystalline (NC) scale in the 316L. Evidence for establishing NC microstructures in 
316L chips and also in narrow surface layers of bulk substrates after SPD by 2-D plane strain 
machining has been reported recently [37, 79]. Detailed evaluation of the thermal stability and 
property assessment remains to be performed for the NC 316L derived by 2-D plane strain ma-
chining.  
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3.0  METHODOLOGY 
3.1 MATERIAL SELECTION 
The majority of the reactor internal components are composed of austenitic stainless 
steel, specifically 304 or 316L.  With the higher molybdenum content, 316L stainless steel, 
which is a low carbon chromium-nickel austenitic stainless steel, is considered to have superior 
corrosion and pitting resistance than 304.  General applications of 316L include applications re-
quiring high formability, creep resistance, corrosion resistance, and high tensile strength.  Due to 
the high importance of this alloy in the nuclear power and other industries, 316L was selected for 
this research.  316L austenitic stainless steel plates is commercially available in a hot rolled state 
from McMaster-Carr with the dimensions of 12” x 12” x 3/16”, and will be referred to as the “as 
received” material.  Table 1 lists the nominal elemental composition specifications for 316L.  
Notably, with respect to the ordinary 316-grade the carbon content of the 316L-grade steel is re-
duced from 0.08 to 0.03wt%.  This reduced carbon content renders 316L-grade less susceptible 
to significant grain boundary carbide formation. However, at temperatures below about 750˚C 
the 0.03wt% C exceeds the solid solubility in the austenitic Fe-Cr-Ni phase and given sufficient 
time and kinetic factors precipitation of carbides should be expected [80].  
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Table 1 - AISI Standard Composition for 316L in weight percent (wt.%) 
 
3.2 SAMPLE PREPARATION 
3.2.1 2-D Linear Plane-Strain Machining 
A custom-built linear machining device, which ensures plane-strain (2-D) conditions, was 
used to deform the surface substrate from commercially available 316L stainless steel plates, 
which was sectioned into 60 mm x 45 mm x 3mm samples, using high strength steel (HSS) tools 
with a rake angles of +20° and 0°, with a constant cutting depth of ao=150 µm and a constant tool 
velocity of 12.5 cm/s.  The deformation processes were carried out at room temperature. 
3.2.2 Vickers Hardness 
Substrate samples for indentation hardness measurements using the Vickers micro-
hardness test were prepared by metallographic methods of mechanical grinding and polishing on 
the cross-sectional side following 2-D linear plane-strain machining. 
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3.2.3 Vibrating Sample Magnetometer 
Samples for magnetometry have been prepared from the as-received state and after the 2-
D linear plane-strain machining by metallographic methods of mechanical grinding and polish-
ing from the substrate side, i.e., the non-machined surface, until about 100 microns thick sections 
were obtained. 
3.2.4 Scanning Electron Microscope 
Samples for SEM investigations have been prepared by metallographic methods, e.g. 
grinding and polishing, in cross-sectional geometry following 2-D linear plane-strain machining. 
3.2.5 Transmission Electron Microscope 
TEM samples of the substrate surface were prepared by thinning sections to about ~ 75 
µm thickness from the bulk side, leaving the surface-side unpolished. Discs of 3 mm diameter 
have been punched out from the ~75µm thick sections, followed by electro-polishing with a 
Fischione Model 140 twin-jet electro-polisher using an electrolyte solution of 73% ethanol, 10% 
butyl cellosolve, 8% perchloric acid, and 9% water at 298 K and 35 V, in order to obtain electron 
transparent thin sections from the plastic deformation modified substrate surfaces. The TEM 
discs were electro-polished from the bulk-substrate side only to ensure the surface substrate 
would be probed when investigated in the TEM. 
 31 
3.3 EXPERIMENTAL SETUPS 
3.3.1 X-Ray Diffraction 
A Bruker D8 Discover x-ray diffractometer has been operated at 40 V and 40 A with 
Copper K-alpha radiation (  0.15406 nm) using a LynxEye detector in a symmetric Bragg-
Brentano setup to obtain X-ray diffraction patterns from the 316L material.  A XRD scan was 
performed with a step size of 0.02° with a scan speed of 1 second per step over a 2θ-range from 
40° to 85°. This ensured that the major diffraction maxima associated with the expected and the 
possible major matrix phases in the 316L, e.g. austenite, ferrite and martensite, would be probed.  
3.3.2 Vibrating Sample Magnetometer 
A Lakeshore vibrating sample magnetometer (VSM) model 7404 with a maximum mag-
netic field of 21.7 kOe (2.17 T) at 298 K has been used for magnetometric measurements.  The 
maximum externally applied magnetic field strength used in the experiments was 20 kOe (Hmax).  
The scan of the hysteresis magnetization loop was performed (0 kOe to +Hmax to –Hmin to Hmax) 
for obtaining the saturation magnetization at a scan rate of 157.233 Oe/s and a step size of 0.629 
kOe.     
3.3.3 Vickers Hardness 
Microhardness was measured with a Leco M-400-G Vickers hardness testing machine us-
ing a load of 50g and a dwell time of 10s.  The cross-sectional side of the substrate surface is 
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sampled as close to the machined surface as possible without experiencing surface effects on the 
indent.  The central regions of the indents are located as close to the plane-strain machined sub-
strate surface as ~10 µm.. 
3.3.4 Scanning Electron Microscope 
For the SEM imaging in secondary electron (SE) mode and/or in back-scatter electron 
(BSE) mode, a Phillips XL-30 field emission instrument operated at 20 kV has been used.  For 
orientation imaging microscopy (OIM) electron back-scatter diffraction (EBSD) patterns have 
been collected with a spot size of 5 and a step size of 200  in a forward scattering geometry 
set-up with tilting the sample surface by 70° towards the scanned electron beam.  EBSD data sets 
have analyzed using the TSL OIM Analysis software package. 
3.3.5 Transmission Electron Microscope 
The microstructure of the substrate surface was characterized by imaging and diffraction 
based analyses methods of TEM using a JEOL CM200X instrument with a tungsten filament and 
a JEOL JEM-2100F field emission TEM instrument. Both instruments have been operated at 200 
kV. 
Grain size determination is performed through the use of several DF micrographs.  The 
FCC {111} diffraction was selected, and the aperture is placed over one of the g-vectors.  The 
DF micrograph is collected, and the aperture is moved to a difference g-vector, and this process 
is repeated until the complete set of g-vectors that comprise the FCC {111} diffraction ring for a 
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given field of view is recorded.  The micrographs are combined to identify as many grains as 
possible, and are measured to determine the grain size and grain size distribution for the sample 
condition. 
A novel TEM technique for acquisition of data sets for characterization of nano and ul-
trafine grain sized materials can be accomplished through the use of electron beam precession 
with spot diffraction pattern recognition is called precession electron diffraction (PED).  Electron 
diffraction spot patterns are collected through an external CCD camera attached to the TEM 
viewing screen while the area of interest is scanned by an incident quasiparallel nano-beam (<2 
mrad).  The electron beam is precessed around the optical axis of the microscope for reduction of 
dynamical effects, which acquires easier to index electron spot diffractions [81].  In PED, the 
precessed electron beam creates a cone where the pivot point is focused on the sample, which 
produces a hollow-circle array of diffraction spots at the exit plane of the sample.  Once a coun-
ter-precession signal is applied and adjusted to the level of the back focal plane of the objective 
lens, a pseudostatic diffraction image is observed.  A dedicated external hardware unit generates 
the beam scanning and precession diffraction simultaneously to control the beam pivot point 
through the pre-selected scan area [82].  The advantage of using a precessed beam for collecting 
diffraction spot patterns is that it has been shown to increase the number of reflections observed 
that exhibit a quasi-kinematical integrated intensity causing higher order Laue zone reflections to 
be excited [83].  This technique allows the ability to acquire reliable orientation/phase maps with 
a spatial resolution down to 2 nm on a TEM with a field emission gun [84].  Once the PED spot 
patterns for the area of interested has been collected, phase and orientation identification for each 
spot pattern is performed through comparison with previously generated templates, which are 
kinematical electron diffraction patterns calculated based on the expected crystallographic phases 
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expected in the scanned area.  This TEM technique will be able to extract a variety of infor-
mation on the microstructure such as grain size of all the different phase constituents, internal 
strain, grain boundary character distributions, texture, and phase distributions throughout the ma-
terial [85].  For the deformed 316L austenitic stainless steel samples, the precession angle was 
set to 0.7° with a step size of 5 nm.   
 
3.3.6 Heat Treatments 
The heat treatments were performed using ULVAC MILA-3000 mini-lamp annealing 
system, which provides capability for controlled atmosphere, either high-vacuum or inert-gas 
backfilled conditions, thereby reducing effects from surface oxidation during heat treatments.  
The melting point of 316L is 1399°C (~1672 K), which indicates that the recrystallization tem-
perature is in the range of 284°C to 562.85°C.  In an effort to determine the recrystallization 
temperature, heat treatment experiments of 350°C to 650°C with intervals of 50°C were per-
formed.  The samples were brought up from room temperature to the heat treatment temperature 
using a ramp time of one minute and held at the heat treatment temperature followed air-cooling 
to room temperature.  Beside the recrystallization determination experiments, high and low tem-
perature experiments were conducted.  The high temperature experiments were conducted at 
800°C for 5 minutes, which were heated up with a ramp time of one minute followed by air-
cooling to room temperature, to understand martensite reversion and grain boundary structure 
change.  The low temperature experiments were conducted at 350°C for 500 hours, which were 
heated up with a ramp time of one minute followed by air-cooling to room temperature, to un-
derstand martensite reversion, recovery related strain relief, and grain stability. 
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4.0  RESULTS AND DISCUSSION 
4.1 AS DEFORMED CHARACTERIZATION 
As discussed in the background chapter, the average shear strain ( ) and  strain rate  
in the chip can be estimated using equations (9) and (10) [61, 62] based on the actual permanent 
shape changes realized in the chips as measured by a precision 0-6 inch micrometer.  Figure 3 
shows the measured  and the  for a range of tool velocities.  The  imparted to the chip was 
found to be quite insensitive to the tool velocity, remaining relatively constant with values rang-
ing from 2.22 to 2.07 for the tested tool velocities. However, the  increases rapidly ranging 
from ~1.7x10
2
s
-1
 to ~1.7x10
3
s
-1
 as a function of tool velocity in the range of 2.5cms
-1
 to 25cms
-1
.  
The measured strain values are comparable to other SPD techniques, such as ECAP, HPT, and 
SMAT, which have confined geometries or cannot be performed in a single pass at room temper-
ature.  Additionally, the strain rate is significantly higher as compared to conventional cold de-
formation processes or SPD techniques [86, 87].   
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Figure 3 – Shear strain and strain rates for the 4 tool velocities of the 316L chips 
 
The fractions of SIM induced by the plastic deformation processing have been measured 
by XRD and VSM (Figure 4).  The measured fractions of SIM indicate little dependence on the 
strain rate or tool velocity for tool velocity above 2.5 cm s
-1
.  There is an increase from the as-
received state of ~0.6% to ~9% for 2.5 cm/s and ~3% for all velocities above 2.5 cm/s (Figure 
4).  These values are extremely low volume fraction of SIM produced when compared to con-
ventional cold rolling to comparable strains [86] in 316L.  Based on the shear strain produced 
from the linear plane-strain machining, ~82-87% thickness reduction in conventional cold rolling 
at room temperature would be required to produce similar shear strain magnitudes, in which 
~50% SIM would be expected [88].  However, the strain rates are much higher than in conven-
tional cold rolling, which could explain the minimal SIM produced.  Adiabatic heating occurs as 
result of high strain rates, thus presumably suppressing SIM formation [89, 90].      
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While the trends in the effects of strain rate or tool velocity are similar in the SIM frac-
tion measurements obtained by XRD and VSM, quantitative differences are clearly noticeable 
Figure 4).  The XRD measurements consistently delivered significantly larger magnitudes for the 
SIM than the VSM measurements (Figure 4). X-ray diffraction (XRD) is considered a bulk sur-
face characterization technique due to the large areas sampled, which provides representative 
data sets of the polycrystalline material. However, the disadvantage is the shallow penetration 
depth of the x-rays used in a typical laboratory instrument used for XRD with Cu-K radiation, 
for instance.  The x-ray penetration depth through the material can be determined by using equa-
tion (13) [91]: 
 (13)  
 Where  is the weighted mass absorption coefficient of the material [91] and  is 
the thickness of the material.  To determine the penetration depth, the intensity is assumed to be 
Figure 4 – Martensite volume fraction of the 316L chip as determined by XRD and VSM  
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that , which is the beam intensity at which it is considered negligible.  The calculation 
shows the penetration depth of the x-rays into the 316L is at maximum ~16 µm.  Figure 5 com-
pares XRD scans of the chips processed at 0° tool angle with a tool velocity of 2.5 cm/s, 6.25 
cm/s, 12.5 cm/s, and 25 cm/s with the as received 316L.  For each of the scans with the normal-
ized intensity I( /  is shown, where  is the maximum intensity measured for the 
strongest peak, which is shown to be the {111} FCC austenite phase peak. The {111} austenite 
peak intensity has been determined after deconvolving the {110} BCC martensite peak for prop-
er quantitative analysis.  The as received material shows the typical peak positions and intensities 
of undeformed 316L with a relatively low intensity {110} peak of BCC martensite phase.  In at-
tempts of quantitative XRD analysis, only the {111} FCC peak was considered since all other 
FCC phase peaks were significantly reduced in intensity upon deformation processing.  Analysis 
of the XRD line profiles reveal no significant changes in the peak positions or uniform strain af-
ter deformation processing, which may indicate little residual stress is induced from the defor-
mation process; however, there is considerable peak broadening in all FCC and BCC peaks, 
which can be attributed to stored non-uniform strain and grain size reduction [91].  The full 
width at half maximum (FWHM) or the peak broadening, b, is a metric that allows for analysis 
of the stored non-uniform strain and determination of associated elastic stress magnitudes using 
equations (14) and (15), where E is Young’s modulus [91]. 
 
 (14) 
  (15) 
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The peak broadening analysis shows significant broadening for the {111} austenite peaks 
of 0.314°, 0.356°, 0.297°, and 0.313° for the chips produced with a tool velocity of 2.5 cm/s, 
6.25 cm/s, 12.5 cm/s, and 25 cm/s respectively.  These peak broadening value are determined by 
measuring the actual peak broadening and removing the instrumental peak broadening of the 
{111} austenite peaks.  The actual peak broadening was measured to be 0.469°, 0.511°, 
0.452°,and 0.468° for the chips produced with a tool velocity of 2.5 cm/s, 6.25 cm/s, 12.5 cm/s, 
and 25 cm/s respectively along with an instrumental peak broadening of 0.155°     Assuming the 
measured peak broadening observed for all conditions is associated entirely with non-uniform 
strain stored in the deformation processed microstructures according to equation (12) provides a 
strain magnitude and associated elastic stress magnitude according to equation (13), which is 
documented in Table 2.  The strain and stress magnitudes indicate a significant amount of stored 
non-uniform strain, but there is not a significant difference between the different tool velocity 
conditions.  The grain size can be determined from peak broadening in powder type XRD data 
through the use of Scherrer’s equation (16) [92], where K is a dimensionless shape factor, 0.94 is 
used,  is the peak broadening at FWHM, and  is the grain size.     
 (16) 
In the case where only grain size effects are considered to account for the x-ray peak 
broadening, the grain size for all tool velocity conditions are calculated from equation (16). Re-
sults from this grain size analysis of the observed peak broadening are shown in Table 2.  The 
tool velocity did not result in significant differences in grain size as determined by XRD.  The 
magnitudes of the grain size, uniform and non-uniform stress and strain, and peak broadening 
determined here for the plane strain machining deformed 316L material are similar to reports for 
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316L [86] and interstitial-free steel after SPD by ECAP.  The different tool velocity conditions 
show a change in the relative intensities of the and  peaks and an increase in 
the intensity of the  peak of the BCC martensite.  Such changes are consistent with a change 
in texture and a potential increase in the amount of SIM, the martensite volume fraction (MVF), 
induced by the machining process. 
   
Table 2 – Quantitative results of 316L chips at the 4 different velocities using XRD and Vicker’s hardness  
Velocity 
(cm/s) 
Microstrain Stress (GPa) 
Grain 
Size 
(nm) - 
XRD 
Hardness 
(VHN) 
Tensile 
Strength 
(MPa) 
GS 
Strength 
Contri-
bution 
(%) 
As Received - - ~20000 159 ~ 515 
11 
2.5 0.007 +/- 0.001 1.323 +/- 0.200 ~30 524 +/- 18 ~ 1800 
80 
6.25 0.008 +/- 0.001 1.504 +/- 0.200 ~25 517 +/- 29 ~ 1760 
90 
12.5 0.007 +/- 0.001 1.252 +/- 0.200 ~30 498 +/- 10 ~ 1690 
85 
25 0.007 +/- 0.001 1.323 +/- 0.200 ~30 501 +/- 12 ~ 1690 
85 
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Figure 5 – XRD line scan of 4 different tool velocities for the 316L chips  
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A quantitative estimation of phase fractions can be used to determine the martensite vol-
ume fraction (MVF) due to formation of strain induced martensite (SIM) in the 316L material 
based on the principle that the total integrated intensity of all diffraction peaks for each phase in 
a mixture is proportional to the volume fraction of that phase [91]. The integrated intensity has 
two attributing principle factors: The instrument factor and the material scattering factor, Rhkl.  
The instrument factor is based on the XRD beam geometry characteristics such as cross-sectional 
area of incident beam, wavelength of incident beam, and radius of diffractometer circle; thus, it 
is a constant for all phases and will be canceled out when comparing ratios of intensities for the 
two phases.  The material scattering factor, on the other hand, will be different for the two phas-
es, and is based on the multiplicity factor, lattice parameter, Lorentz-Polarization factor, tem-
perature factor, absorption factor, and structure factor, as seen in equation (17).  Cullity [91] 
shows the relationship between the measured intensities of the austenite (  and martensite ( ), 
the material scattering factors of the two phases, and the volume fraction of each phase (  and 
) in equation (18).  One of the drawbacks from the use of a Copper XRD source in the experi-
mentation conducted here is the limited number of BCC peaks that can be observed. Therefore, 
for the quantitative estimation of phase fractions only the first FCC and BCC peaks will be used.  
The values for the factors contributing to the material scattering are tabulated in Table 3.  The 
values for Debye-Waller factor, B(T), of the temperature factor are derived from experimentally 
determined elemental phonon density of states with an accuracy between 2-3% [93].  The FCC 
and BCC peaks are very close in proximity to each other. So, a curve fitting and peak analysis 
software, Fityk, was used for deconvolving the FCC and BCC peaks for quantitative analysis 
[94].  According to the XRD MVF calculations, the as received material has a MVF of 1.78%.  
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The XRD MVF follows the same trend as the data collected through the VSM, but with at higher 
values as shown in Figure 4.  The 2.5 cm/s tool velocity has a MVF of ~23%, while all other ve-
locities produced a MVF of ~15%.  The differences in the MVF between XRD and VSM meas-
urements may be explained by two possible scenarios.  The XRD measurements are analyzing 
only the surface of sampled area of the chips; meanwhile, the VSM is a bulk MVF measurement 
tool.  The increase in MVF from the XRD calculations may indicate a gradient of strain-induced 
martensite (SIM) with the measured surface having a higher concentration.  Another possible 
explanation is related to the effects from texture resulting from the deformation process.  If the 
sample were to have a texture, it could possibly give a misleading MVF value.  Further analysis 
will be necessary to investigate the possible texture effects, which is undertaken in the TEM 
analysis of the chips.    
 
 (17) 
 
   (18) 
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Table 3 – Parameters of the material scattering factor for XRD MVF determination 
 
FCC (111) BCC (110) 
Multiplicity Factor [91] 8 12 
Lattice Parameter [91] 
3.515  2.78  
Lorentz-Polarization 
Factor (based on ) 
 
  
Temperature Factor 
(based on B(T) and ) 
[93] 
 
 
 
 
 
 
 
Absorption Factor 
Neglected due to independent of 
 
Neglected due to independ-
ent of  
Structure Factor (based 
on  and constants for 
atomic form factor from 
[95]) 
 
 
 
 
 
 
 
 
The as received material exhibits a Vickers microhardness of 159 VHN (corresponding to 
515MPa tensile strength).  After 2-D plane strain machining with the 0° tool angle at the differ-
ent tool velocities, the michrohardness increased significantly as tabulated in Table 2, with max-
imum values of about 500-520 VHN (~1690 – ~1800 MPa tensile strength).   
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Using a Hall-Petch type relationship between mechanical strength and the average grain 
size of the polycrystalline aggregates of 316L, as expressed for instance in equation (19), a grain 
size corresponding to the measured strength values can be estimated.  
 
 (19) 
 
In equation (19)  is the yield stress,  is the “friction stress” representing the overall 
resistance of the crystal lattice to dislocation movement, k is the strengthening coefficient, which 
measures the relative hardening contribution of the grain boundaries, and D is the average grain 
diameter.  The strengthening coefficient for 316L is determined to be ~0.25 MPa m
1/2 
[89, 96]
 
. 
Relationships of the Hall-Petch type akin to that for the yield stress shown in equation (19) have 
also been shown to be valid for changes in hardness of polycrystalline ductile metals and alloys. 
Hence, using average grain sizes of the 316L determined by XRD, SEM, and TEM measure-
ments it is possible to evaluate the grain size strengthening contributions that would be expected 
based on the Hall-Petch type behavior.  The significant reduction in grain size observed is actual-
ly the grain size equivalent.  Because the heavily deformed material has not been annealed, the 
material has not been able to recrystallized and develop the different orientations to positively 
identify the refined grains.  The determined grain size equivalent from the deformation process 
will be referred to as the “grain size” from here on.    
The grain size strengthening contribution to the tensile strength is thus calculated as 
~1700 - ~1800 MPa for the various tool velocities, which would account ~80% - ~90% of the 
total tensile strength measured by the microhardness test based on the estimated grain size as de-
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termined by XRD.  The remaining ~10 - ~20% of the total tensile strength can presumable be 
attributed to other strengthening mechanisms, including contributions from stored strain, marten-
site phase fraction, and texture.  To more accurately identify the extent of the contributions from 
stored strain, strained induced martensite phase fraction, and texture, conventional and advanced 
TEM analysis will be required. 
Analysis of the 2-D linear orthogonal machined chips has shown very similar properties 
after processing with the tool velocities of 6.25 cm/s, 12.5 cm/s, and 25 cm/s with the exception 
of strain rate; meanwhile, the 2.5 cm/s condition has shown to have a similar properties to the 
other higher velocity conditions with the exception of strain rate and volume fraction of marten-
site formed.  Even though the MVF is higher in the 2.5 cm/s, the sample has relatively similar 
hardness values as compared to the velocities might be explained by the fact that the grains 
might be larger and could offset the increase is MVF – the effect of the grain size has been 
shown to possibly have a strong effect on hardness, which will be further investigated when the 
stored strain is analyzed in the TEM.  One possible explanation for the difference in MVF in the 
2.5 cm/s tool velocity condition from the other velocities that will also take into account the dif-
ferences in strain rate is the effect temperature during the machining process.  
The measured maximum temperature rise was determined by infrared-thermography was 
performed with an infrared camera, FLIR systems Inc., model FLIR A325sc for the surface tem-
perature field measurements captured at 60 frames per second.  Using the estimated strain and 
strain rate data shown in Figure 3[79], the temperature rise in the chip can be estimated theoreti-
cally by coupling the work of plastic deformation to the temperature at the shear plane [97].  
 
CpdT = (1-) (, ,T) d  (20) 
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Equation (20) states that an increment in plastic strain, d, equates to an equivalent in-
crement in temperature, dT. Here Cp  is the heat capacity of 316L and (, ,T) is the Johnson-
Cook model for describing flow stress as a function of strain, ,  strain rate,   , and temperature, T 
[98].  The calculated flow stress is then multiplied by the pre-factor (1-), where  describes the 
fraction of the heat transported away from the chip by the bulk material [99]. The factor  is giv-
en by: 
 
 (21)   
Where α is a function of the plane-strain machining parameters Vc and a0, the shear angle 
φ, and the thermal diffusivity of the bulk material κ [97]: 
 
  (22)        
By rearranging the expressions in equations (20-22) the total temperature rise is deter-
mined by the integral [100]: 
 
 (23) 
In equation (23), A, B, C,   0, m and n are material constants have been determined 
through a combination of analytical and empirical techniques by Chandrasekaran et al. [101], 
and Tm and Tr are the material melting temperature and room temperature, respectively [98].  
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The temperatures calculated using equation (23) are similar, but slightly higher than the 
temperature rise magnitudes measured by IR-thermography as shown in Table 4.  The tempera-
ture differences can be accounted for due to the fact that the Johnson-Cook model uses an ideal-
ized case where all mechanical work applied to the chip during deformation transforms to heat, 
but does not account heat transfer away from the chip such as conduction or convection.  The 
measured temperature rise is shown to be significantly lower in the 2.5 cm/s as compared to the 
other velocity conditions. Hence, this difference in the mechanical work related heating of the 
chip material appears suitable to explain the differences in MVF measured through XRD and 
VSM.  The amount of SIM formed per unit of strain is expected to increase with a reduction in 
temperature for all temperatures below which SIM can be formed, which is agrees with the 
measured temperature rise values from IR-thermography.  Additionally, the IR-thermography 
shows a temperature profile across the cross section of the chip.  Temperatures from adiabatic 
process heating are higher in the regions central to the volume of chip than for the surfaces of the 
chip. The SIM fractions are highest near the surfaces where temperatures reach lower maximum 
values and cooling is more rapid establishing conditions for reversion of SIM for much shorter 
periods of time as compared for the center of the chip; therefore, a gradient is expected to devel-
op from the central region to the surface region of chip.  Another possible explanation for the 
SIM gradient is the mechanical stabilization of the austenite.  Martensitic transformation typical-
ly occurs without diffusion with paraequilibrum, a condition where substitution atoms do not 
partition the atoms between phases during the transitions creating a minimal free energy condi-
tion [102].  In theory, all of the austenite should transform into martensite; however, it is ob-
served that this is not the case [103].  The interface between martensite and austenite grains has 
been shown to contain glissile dislocations whose motion could be slowed down by the defects 
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in the austenite; therefore with a larger enough strain, the introduction of a larger number of de-
fects in the austenite will completely prevent movement of the interfaces and stopping the mar-
tensite transformation process [104, 105].  Even though mechanical stabilization of the austenite 
is possible, it is unlikely the primary mechanism being observed in the 316L 2-D linear plane-
strain machined chips.  Characterization has shown strain to be relatively uniform in the chip; 
therefore, a SIM gradient would not be expected, which is not observed indicating the adiabatic 
temperature most likely is the cause of the SIM gradient.        
  
Table 4 – Experimental and calculated temperatures based on the deformation process [79]   
Velocity 
(cm/s) 
Calculated 
Temperature 
(°C) 
Measured 
Temperature 
(°C) 
As Received - - 
2.5 106 77.9 
6.25 152 - 
12.5 193 125.4 
25 253 197.3 
 
Figure 6 A-H show bright field (BF) micrographs and associated selected area diffraction 
patterns (SADP) of the chips deformed with a 0° tool angle at the various tool velocities, respec-
tively.  All tool velocities except the 2.5 cm/s tool velocity show morphologically very similar 
microstructures with large defect content and significant grain refinement, including very similar 
SADPs.  The SADPs reveals a moderate radial spread and a significant orientation spread, which 
would be consistent with moderate levels of non-uniform stored strain and significant grain re-
finement.  The deformation caused by the 2.5 cm/s tool velocity creates a microstructure with 
large defect content with grain refinement, but the grains are noticeably larger than observed in 
the other tool velocity conditions.  The SADP pattern for the 2.5 cm/s tool velocity condition re-
veals a larger radial and smaller significant orientation as compared to the other tool velocity 
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conditions, which indicates more stored strain and larger grain size.  One problem that arises 
when analyzing the SADP is spacing between the FCC {111} and BCC {110} spots are very 
close and overlap, which makes the analysis of stored strain and strain induced martensite diffi-
cult.  To overcome this issue, a more quantitative analysis of the TEM SADP can be conducted 
using the profile analysis of the selected area diffraction (PASAD).   
 
Figure 7 shows a PASAD for all the velocity conditions of the chips.  The PASAD meth-
od transforms the two-dimensional ring-like SADP data into an electron diffraction intensity pro-
file by azimuthal integration and applying the pseudo-Voigt function for determining peak shape 
related parameters [106].  The PASAD data are a plot of the integrated diffracted intensity versus 
the magnitude of the diffraction or scattering angle, and can be interpreted somewhat similar to a 
XRD powder diffractometer trace or scan.  The PASAD indicates for the 6.25 cm/s, 12.5 cm/s, 
and 25 cm/s velocities that there is very little strain induced martensite, and the majority of the 
radial spread is related to stored strain.  The amount of stored strain is still minimal as compared 
to other tool angles previously studied on 316L stainless steel [37].  Because all three velocity 
conditions exhibit similar peak intensities for the strain induced martensite that also supports the 
VSM work of similar MVF and the radial spread becomes wider as the tool velocity is increased, 
the stored strain can be assumed to be directly related to the strain rate.  The increasing stored 
strain can be confirmed with a precession electron diffraction orientation imaging microscopy 
study of the deformed material.  On the other hand, the 2.5 cm/s exhibits noticeable peaks in 
PASAD resulting from the strain induced martensite, which is obvious when observing the BCC 
{211} peak.  This is in line with previous VSM results showing a significant increase in the 2.5 
cm/s velocity chip as compared to the other velocities.  The 2.5 cm/s chip is similar to the other 
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chips with an observable radial spread induced from stored strain; however, the low tool velocity 
chip differs with discernible increase in the strain induced martensite.      
 
 
 
 
 
 
Figure 6 – TEM BF micrographs with the associated SADPs for the 4 different tool velocities for the 316L 
chips  
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Figure 7 – PASAD data plot for the 4 different tool velocities of the 316L chips 
 
 
Table 5 – TEM DF grain size analysis for the 4 different tool velocities of the 316L chips 
Velocity (cm/s) 
Grain Size – Dark 
Field (nm) 
As Received ~20000 
2.5 73 +/- 23 
6.25 45 +/- 7 
12.5 43 +/- 5 
25 50 +/- 3 
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An analysis of the dark field (DF) micrographs was performed to determine the average 
grain size and grain size distribution.  DF micrographs for all the different g-vectors that com-
prise the FCC {111} diffraction ring for a given field of view.  These micrographs were com-
bined and used to determine the grain size and grain size distribution.  The grain size is tabulated 
in Table 5, and shows significant grain refinement from the as-received material.  The 6.25, 12.5, 
and 25 cm/s show similar grain size; meanwhile, the 2.5 cm/s shows a significantly larger grain 
size relative to the other tool velocities.  The differences in the strain rate may be able to explain 
the differences in the measured grain sizes.  It might be possible that above a certain strain rate 
value, which occurs between the strain rates observed in the 6.25 cm/s and 2.5 cm/s, that geomet-
ric dynamic recrystallization of the microstructure is observed.  Before this phenomenon can be 
ascertained, further information regarding grain shape, texture, stored strain, and grain boundary 
character distribution is necessary, in which PED-OIM can be used as the tool to collect this in-
formation.   
PED-OIM analysis was performed on specimens obtained for the 25 cm/s and 12.5 cm/s 
tool velocity conditions of the 0° chip.  Figure 9 shows the inverse pole figures for the two chip 
conditions.  Both conditions show grains with an irregular shape and grain boundaries exhibiting 
roughness as a result of the 2-D linear plane strain machining.  The definition of irregular shape 
used here relates to the grains having no defined shape with any defined lines of symmetry, 
which can be expected for a deformation that involves shearing.    
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It seems as the velocity is increased, the grains within the material tend to shift from a 
high probability of irregular shaped grains to a high probability of elongated grains. This may be 
a direct result of the associated increase in the deformation related elevation in temperature of 
the chip material and the strain rate.  The stored strain of the grain interiors can be assessed by 
the point-to-point disorientation.  As shown in Figure 9, the point-to-point disorientations of the 
grains are affected by the tool velocity increase from 12.5 cm/s to 25 cm/s.  The point-to-point 
disorientation graphs are representative of the grains for the associated condition.  For the 25 
cm/s machining condition the disorientation metrics reveal a high amount of intragranular strain 
with a developed dislocation structure sub-cell network.  The grains typically exhibit several in-
tragranular point-to-point disorientations exceeding 10˚. Meanwhile, for the plastic deformation 
processing with the lower tool velocity of 12.5 cm/s intragranular point-to-point disorientations 
remain small with typically 1-2˚ and very rarely exceed 5˚. Notably, the accuracy of the orienta-
tion indexing of the TEM PED-OIM orientations is limited to ±0.5˚ by the angular step incre-
ments of the computed reciprocal lattice templates, which is 1˚ in the default setting of the 
ASTAR software. The disorientation metric reveals the significant differences for the intragranu-
lar volumes regarding internal strain storage as a direct result of the increase in velocity.  As the 
material is deformed, defects are induced in the material usually in the form of dislocations.  
These defects form a network of dislocation that become HAGBs, which becomes a non-
equilibrium structures with excess free energy stored in the grain boundaries.  It can be stated 
that the recovery and recrystallization processes are dynamic during the SPD related grain re-
finement leading to new stress free interiors with all the defects stored in the grain boundaries.  
Because the process is indeed dynamic, the new formed refined stress free grains are exposed to 
plastic straining introducing internal strain, which is shown that the higher strain rates deposit a 
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larger point-to-point disorientation during the deformation process.  This is consistent with re-
sults shown in the SADP where more radial peak broadening is observed in the higher tool ve-
locity condition meanwhile the SIM is measured to be the same using VSM for the two condi-
tions.  
Figure 8 shows the pole figures for the 12.5 cm/s and 25 cm/s displaying elements of the 
texture established in the plan-view orientation of the chips as determined by TEM based PED-
OIM.  The weak texture present in the 12.5 cm/s tool velocity processed microstructure increases 
in strength towards a more noticeable {100}-type cube texture component developing as the 
strain rate is increased.  For the respective grain boundary networks, the strong link fractions are 
significantly reduced from ~0.350 in the as received material to 0.08 +/- 0.02 and 0.06 +/- 0.01 
for the 12.5 cm/s and 25 cm/s tool velocity conditions respectively.  Even though there is signifi-
cant grain refinement – measured to be ~40 nm through PED-OIM for both chip conditions, very 
few low energy grain boundaries exists in the microstructures after the high strain rate large 
strain plastic deformation processing by linear plane strain machining. This apparent lack of low-
energy grain boundary segments and relatively high level of connectivity of weak links in the 
grain boundary network structure would likely be indicative of poor intergranular corrosion re-
sistance.   
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Figure 9 – PED-OIM representations at two different velocities, 25cm/s and 12.5cm/s, showing the point-to-
point disorientation for the chip materials. 
Figure 8 – Texture representation by pole figures for two different velocities, 25cm/s and 12.5cm/s, of the 
316L chip materials. 
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Two different categories of observable trends can be stated regarding 2-D linear plane-
strain machining of the 316L chips: tool velocity of 2.5 cm/s and tool velocities of above 6.25 
cm/s where a change in deformation mechanism between the strain rates of 200 s
-1
 and 400 s
-1 
occurs.  Below a strain rate of 200 s
-1
, a larger fraction of strain induced martensite is present 
with moderate internal strain with a grain refinement to ~75 nm, which were obtained through 
DF analysis as shown in Table 5.  Not only is determining the average grain size important, but 
understanding the grain size distribution is necessary to understand the microstructure.  Figure 10 
shows the grain size distribution for the slowest and highest tool velocity – 2.5 cm/s and 25 cm/s, 
which were associated with shear strain rate equivalents of about ~170 s
-1 
and ~1700 s
-1
, respec-
tively.  All chip conditions show a grain size distribution where large grains exist (>200 nm) in 
the material even though most of the grains are significantly more scale refined (<100 nm).  The 
2.5 cm/s tool velocity condition shows a bi-modal distribution (one peak at ~25 nm and the other 
peak at ~ 85 nm).  For all tool velocities above 2.5 cm/s, the grain size distribution becomes 
more compact and closer to unimodal.  The 25 cm/s is shown in Figure 10 as an example of this 
characteristically close to or near unimodal distribution behavior (the major distribution peak is 
at ~20 nm).  Because larger grains exist in the grain size distribution, the standard deviations are 
very large for the measured deformed chips.  Above 400 s
-1
, a consistent smaller fraction of 
strain-induced martensite (SIM) is present with moderate internal strain.  As the strain rate is in-
creased from 400 s
-1
 to ~1700 s
-1
, the grains experience higher peak temperatures from the de-
formation process, the populations of grains shift from those with a high distribution of irregular 
shaped grains to those with more elongated shaped grains, and an increased sub-cell structure, as 
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noticed by the increase in intragranular strain and small angle grain boundaries.  According to 
the PED-OIM maps, the grains appear to elongate and to “pinch off” transforming the micro-
structure into a refined grain microstructure with a rough or “saw-tooth” grain boundary, in 
which the 25 cm/s is observed to have less rough grain boundary – presumably due to a higher 
temperature change experience, which is related to the higher strain rate.  These morphological 
characteristics of the grain boundaries are quite similar to those reported for geometric dynamic 
recrystallization (GDX), which is typically observed in hot rolling or friction welding defor-
mation processes where temperatures are in excess of 900˚C [107]. GDX is defined as continu-
ous recrystallization during high temperature deformation [108].  As the material is hot de-
formed, small angle grain boundary substructures are formed suppressing discontinuous recrys-
tallization, which is inhomogeneous recrystallization [109].  Upon high strain and strain rates 
being applied, the steel is subjected to a large reduction in cross section, which is associated with 
the depth of cut from the linear plane-straining deformation process and thickness of resulting 
chip, and the original grains become flattened.  Because the sub-grain size is not heavily depend-
ent on the strain, the fraction of HAGBs increases significantly due to the influence of the strain 
rate causing the HAGBs to come closer to each other based on the sub-cell microstructure.  The 
newly formed refined grain boundaries will develop a heavily serrated or roughened saw-tooth 
morphology where the scale of the serrations is based on the scale of the dislocation sub-cell mi-
crostructure [108].  Once the size of the serrated grain boundaries becomes comparable to the 
grain thickness, the serrated boundaries will come into contact.  The boundaries are defects con-
taining opposite signs causing annihilation of each other reducing the excess defect energy effec-
tively inducing the grain pinch into two new grains [108].  As the strain rate is increased (here 
approximately doubled strain rate for the increase of 12.5 cm/s to 25 cm/s, e.g., it is obvious that 
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the grains have indeed become more flattened or more elongated.  Also, with the increase in the 
strain rate the evolution of serrated grain boundaries is observed, while the average grain size 
remains nearly unchanged. Based on the definition of GDX, it appears this phenomenon is suita-
ble to rationalize multiple microstructural features observed in the 2-D linear plane-strain ma-
chined 316L chips.  
In summary, it is noted that the total strain imparted by the 2-D linear plane-strain ma-
chining deformation process is about the same for both the 12.5 cm/s and the 25 cm/s tool veloci-
ty conditions in the resulting chip; however, the strain rate for the 25 cm/s chip material is twice 
that for the 12.5cm/s chip material.  Additionally, the grain size (~40 nm according to PED-
OIM), MVF (~3%), and hardness (~500 VHN or tensile strength of ~1690 MPa) are similar; 
meanwhile, texture, grain shape, and grain boundary structure morphology is observable differ-
ent (25 cm/s shows more elongated grains with more rough grain boundaries).  It is hypothesized 
that the differences in the acquired data are a direct result of the strain rate differences and asso-
ciated adiabatic process heating related differences in the chip microstructure for the chip mate-
rial volumes in the center.  This hypothesis is backed by temperature rise measurements in the 
chip revealing process related heating of the chip materials to be ~125°C and ~200°C for the 
12.5 cm/s and 25 cm/s chip conditions respectively.  
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Figure 10 – Grain size distribution for the as deformed 316L chips at (a) 2.5 cm/s and (b) 25 cm/s tool veloci-
ties as determined by DF analysis 
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4.2 SURFACE SUBSTRATE 
In addition to producing the severely plastically deformed chips, the 2-D linear plane 
strain machining process also imparts plastic deformation and process heating to the surface re-
gions of the bulk substrate.  This section presents and discusses the effects of the plastic defor-
mation processing by the plane-strain machining on the microstructures and properties of the 
bulk substrates obtained for the same conditions as the associated chip material volumes.   
Figure 11 shows the XRD line scan obtained in plan-view geometry for the surface sub-
strate following 2-D linear plane-strain machining with a tool velocity of 2.5 cm/s, 6.25 cm/s, 
12.5 cm/s, and 25 cm/s.  A very large martensite peak associated with the BCC {110} can be 
discerned in the 2.5 cm/s condition.  For the other tool velocity conditions this BCC {110} peak, 
typical and characteristic of significant SIM formation, shows strongly reduced intensity.  Utiliz-
ing the adjacent and strong {111} austenite and {110} martensite peaks for an intensity based 
martensite volume fraction (MVF) quantification provides a value of ~43% for the 2.5cm/s tool 
velocity processing condition, and about ~4%, ~ 3%, and ~1% for the 6.25 cm/s, 12.5 cm/s, and 
25 cm/s tool velocity conditions, respectively. Notably, the maximum penetration depth of the X-
rays used in the XRD studies here is limited to relatively small values of ~16 µm. Hence, these 
XRD based MVF data may indicate that the amount of the strain induced martensite created in 
the surface deformed area (approximately the top 16 µm) from the deformation process is a func-
tion of tool velocity.  As tool velocity is decreased, the fraction of martensite formed in the sur-
face deformed area increases significantly.  Additionally, the effect of texture is very obvious 
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from the XRD line scans.  The {200} and {220} austenite peaks cannot be detected for any of 
the four different velocity conditions. Qualitatively and quantitatively the texture evolution can 
be evaluated by observing the change in relative intensities of the I111/I200 and I111/I220 peaks in 
the deformed samples as compared to the as received material.  The peak broadening analysis 
shows significant broadening for the {111} austenite peaks of 0.436°, 0.262°, 0.247°, and 0.227° 
for the chips produced with a tool velocity of 2.5 cm/s, 6.25 cm/s, 12.5 cm/s, and 25 cm/s respec-
tively.  Assuming the measured peak broadening observed for all conditions is associated entire-
ly with non-uniform strain stored in the deformation processed microstructures, the strain magni-
tudes and elastic stress magnitudes are documented in Table 6.  The strain and stress magnitudes 
indicate a significant amount of stored non-uniform strain in the 2.5 cm/s condition with a signif-
icant decrease in stored non-uniform strain in all other velocity conditions.  These differences are 
consistent with the microstructural results observed in the chip materials.  In the case where only 
grain size effects are considered in a peak broadening analysis of the {111} austenite peaks of 
the XRD data, the grain size for all tool velocity conditions are calculated as shown in Table 6.  
The error of measuring the respective peak widths results in an uncertainty of XRD based grain 
size of about ± 5 nm. This indicates that the differences between the 6.25 cm/s, 12.5 cm/s, and 25 
cm/s tool velocity conditions are insignificant, ~35-40nm, while there is a significant and meas-
urable decrease in XRD based grain size for the 2.5 cm/s tool velocity condition to ~20nm.   
 63 
 
Figure 11 – XRD line scan for the four different tool velocities of the surface substrate 
 
 
Table 6 - Quantitative results of surface substrate at the 4 different velocities using XRD and Vicker’s hard-
ness  
 
Velocity 
(cm/s) 
Microstrain Stress (GPa) 
Grain 
Size (nm) 
– XRD 
Hardness 
(VHN) 
Tensile Strength 
(MPa) 
As Received - - ~20000 159 ~ 515 
2.5 0.009 +/- 0.001 1.836 +/- 0.200 ~20 356 +/- 19 ~ 1150 
6.25 0.005 +/- 0.001 1.104 +/-0.200 ~35 294 +/- 13 ~ 930 
12.5 0.005 +/- 0.001 1.039 +/- 0.200 ~35 358 +/- 12 ~ 1150 
25 0.005 +/- 0.001 0.955 +/- 0.200 ~40 305 +/- 10 ~ 960 
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Results from the Vickers microhardness test are tabulated in Table 6. With respect to tool 
velocity and/or strain rate changes there do not appear to be consistent trends.  Typically the me-
chanical strength or hardness of plastically deformed austenitic 316L type steel would be ex-
pected to change, namely increase, as the martensite volume fraction increases, and also as the 
grain size decreases, and the non-uniform strain magnitude increases.  The apparent inconsisten-
cies of the hardness values determined here with these expectations can be rationalized based on 
the shortcomings of the experimental property test procedure.  The cross-sectional side of the 
substrate surface is sampled as close to the machined surface as possible without experiencing 
effects from the free surface of the substrate on the indent.  Therefore, the centers of the indenta-
tion based measurements are located ~10µm from the plane-strain machined substrate surface, 
which renders the correlation of grain size contribution and understanding of hardness values 
difficult. Recall that the microstructural changes that have been reported and documented are 
XRD based and therefore biased towards probing of the near surface regions of no deeper than 
16µm below the external substrate surface that has been modified by the plane-strain machining 
tool. As it will be shown from the SEM results later in this section, grains in the 316L substrate 
near surface regions attain sufficient size and become resolvable for 2-D plane strain machining 
conditions with the 0° angle tool at ~20 µm in depth.   Arguably, the hardness values indicate at 
a depth of about ~10µm that all velocities produce similar properties, which may indicate proper-
ties and microstructure are also similar.  The hardness values measured at about ~10µm below 
the machined surface are significantly lower than those measured in the chip (Table 6), but still 
approximately twice the hardness measured in the as received material.  
For the more detailed microstructural characterization, going beyond XRD, one velocity 
condition was selected to fully understand processing, microstructure, and property relationships 
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of the 2-D linear plane-strain machined deformed surface substrate.  The moderate tool velocity 
of 12.5 cm/s was selected for full characterization.  In order to develop comprehensive under-
standing of the microstructural evolution from the 2-D linear plane-strain machining, SEM tech-
niques, such as secondary electron imaging (SE), back-scatter electron imaging (BSE) and 
backscatter diffraction (EBSD), have been employed for cross-sectional specimens obtained 
from the machining modified substrates.  Figure 12 shows cross-sectional micrographs of the 
substrate surface from the 0° tool angle at different magnifications.  The SE contrast SEM mi-
crographs reveal two distinct regions from the surface deformation process: (i) A featureless 
heavily deformed region and (ii) a distinguishable grain zone (DGZ).  The substrate surface 
shows a heavily deformed featureless region that extends from the surface to ~10 µm in depth. 
Within this highly deformed zone there are very few to no identifiable grain boundaries.  Near 
the substrate surface, the deformed material produced intense shear banding in the microstructure 
with curves into the plane-strain direction [79].  The region lying at depth beyond this featureless 
deformed region is where individual grains can be distinguished, the DGZ.  In this region, shear 
banding is still present. However, the shear banding appears to depend on crystallographic orien-
tation of the respective grains, instead of, apparently irrespective of crystallographic orientation 
of the grains, only being dominated by the plane-strain direction that extends from a depth of 
~10 µm to ~50 µm below the machined surface.  Beyond this region, the processed microstruc-
ture shows evidence of shear banding or deformation induced twinning up to ~80 µm below the 
surface. Shankar et al. reported on similar surface and subsurface features from the 2-D linear 
plane-strain machining deformation in UFG Titanium [35].  Due to the effects of the deformation 
technique reaching up to ~80 µm below the surface, ~100 µm thick samples from the surface 
were used to determine the MVF using the bulk measurement method of VSM.  The VSM re-
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sults show a MVF of 2.85% +/- 0.02% of the top 100 µm of the machined surface, which is a 
very low volume fraction.    
  
 
To develop further understanding of the grain boundary character, orientation-imaging 
microscopy (OIM) based on EBSD in the SEM has been performed to provide crystallographic 
grain orientation data for qualitative and quantitative analyses.  Figure 13 shows two representa-
tions of the substrate microstructures after plane strain machining based on EBSD OIM data ob-
tained from cross-sectional specimens. Figure 13A is an orientation map with color-coded crys-
tallographic directions based on an inverse pole figure legend, where blue shades refer to direc-
tions near or at the <111> pole, greens are close to <110> poles and reds are at or in the vicinity 
of <001>.  Figure 13B is a composite of an inverse pole figure (IPF) orientation map and the cor-
responding image quality map for the cross-section of deformed 316L at 0° tool angle with a ve-
locity of 12.5 cm/s.  The latter representation shows the orientation relationships along with fea-
Figure 12 – Cross-sectional SEM micrographs in SE mode imaging at (a) high and (b) low magnifica-
tion. The machining tool traversed from right to left. 
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tures from the backscattered image.  The SEM EBSD OIM maps of the cross-sections of the ma-
chined substrates revealed a region of undistinguishable grains that extends to a depth of ~20 µm 
below the surface in the case of the 12.5cm/s tool velocity processing condition.  Below this re-
gion is the DGZ, where the grains are identifiable by the EBSD pattern related orientation con-
trast, with twinning and large grain disorientation or high angle grain boundaries (>15° grain 
disorientation) in a region that ranged from ~20 µm in depth to ~ 50 µm.  Below the ~ 50 µm 
depth, a gradient of the amount of shear banding is detected and has been labeled as ‘Unresolva-
ble Shear Bands’. Here narrow shear bands have formed locally in the different grains. The spa-
tial orientations of these ‘Unresolvable Shear Bands’ appears to depend on the grain orientation 
rather than solely on the plane-straining direction. Analysis of the undistinguishable grain region 
on the inverted pole figure map (Figure 13A) shows a few grains that are present in the range of 
~ 15 µm to ~ 20 µm below the surface. This may be taken to indicate that the grains in this re-
gion are smaller than the scale of crystalline volumes resolvable by the SEM EBSD studies uti-
lized here or that the quality of the crystal lattice in the grains that constitute this region is insuf-
ficient to result in good quality Kickuchi diffraction or EBSD patterns that can be indexed confi-
dently. Presumably, a depth dependent gradient of grain sizes and or crystal quality exists in this 
region nearest to the external substrate surface.  To evaluate this hypothesis, TEM analysis of 
specimens obtained from several different depths below the external surface of the substrate after 
plane strain machining has been performed.  Figure 14 shows the TEM bright field micrographs 
and associated SADPs obtained from specimen regions extracted from the steel substrates after 
planes strain machining from the surface, i.e., for a depth of nominally 0µm below the substrate 
surface, and 5 µm, 10 µm, and 15 µm in depth.  The BF micrograph representative for the micro-
structural state at the machined surface shows a nano-sized grains with moderate dislocation con-
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trast.  The corresponding SADP shows a very large radial and axial spread in the numerous dif-
fraction spots that make up the Debye-rings for the different families of crystallographic planes 
{hkl}. The shape of the diffraction spots in the rings of the ring-like SADP would be consistent 
with a nanocrystalline grain size along with larger amounts of inhomogeneous stored lattice 
strain or strain induced martensite.  As the depth is increased to 5 µm, BF TEM micrographs re-
vealed that the grain size is noticeably larger than for the surface near region but with similar 
amounts of dislocation contrast. The axial and radial spread discernible in the SADP is reduced 
for each additional 5µm step further below the external machined surface region, which would 
be consistent with a microstructural gradient in the region termed “Heavily Affected” in the SEM 
based cross sectional data of Figure 13.  To develop a better understanding of this potential mi-
crostructural gradient, PED-OIM data have been obtained, which remain relatively unaffected by 
the presence of internally stored strain related defect structures, such as dislocation tangles and 
networks. Uncertainties in crystal orientation identification in PED-OIM from the nanocrystal-
line regions of the plane strain machining modified microstructures result most frequently from 
overlap of grains through the thickness of the TEM foil sections investigated.  The inverted pole 
figure (IPF) based OIM map representations of the microstructural states in the plane strain ma-
chining modified steel substrates as a function of depth below the surface are also shown in Fig-
ure 14.  A qualitative comparison of these PED-OIM data sets, the IPF based orientation maps, 
indicated that the average grain size appears to increase moderately as the depth increases.  The 
average grain size obtained from the PED-OIM data sets for the surface near regions, at 5 µm, 
10 µm, and 15 µm in depth are 39 nm +/- 2 nm, 43 nm +/- 4 nm, 54 nm +/- 3 nm, and 50 nm +/-
 5 nm, respectively.  Additionally, as the depth increases, the grain size distribution shows a sig-
nificantly increased frequency in the number of grains larger than 100 nm in diameter, proving 
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that there is a gradient in the grain scale over the nanocrystalline layer.  The martensite volume 
fraction (MVF) has also been determined by PED-OIM and was found to be for the surface near 
regions, at 5 µm, 10 µm, and 15 µm in depth as 49.5%, 8.2%, 24.3%, and 13.6%, respectively. 
This indicates that a majority of the strain induced martensite (SIM) is produced on the surface 
with a rapid drop off or reduction in the MVF as a function of depth.  Additionally, the grain size 
of the martensite phase grains was also analyzed.  The average grain size for the martensite 
phase grains was found to for the surface near regions, at 5 µm, 10 µm, and 15 µm in depth as 
~130 nm, ~130 nm, ~90 nm, and ~90 nm, respectively.  Just as the austenite grains, the marten-
site phase grains are on the nanocrystalline scale.  The decrease in the number and size of mar-
tensite phase grains decreases as depth is increased from the surface could be explained by the 
fact there are more stacking faults on the {111} planes near the surface, which occurs at a higher 
frequency in low SFE materials [110].  These stacking faults tend develop either a BCC structure 
leading to alpha prime martensite or a hexagonally close packed structure leading, epsilon mar-
tensite [110].  As the depth is increased, the quantity of strain is reduced; therefore, reducing the 
effect of the strain induced martensite formation.  PASAD analysis of the ring-like SADP data 
for the microstructural states from the different depth positions below the machined external sub-
strate surface is consistent with the PED-OIM results, as the BCC {200}, {211}, and {311} 
peaks are strong in the surface sample, but non-existent in all other conditions as shown in Fig-
ure 15.   
The 2-D linear plane-strain machining related plastic deformation processing of the sur-
face substrate produces a nanocrystalline layer that reaches to ~80 µm in depth.  Within the 
nanocrystalline layer in the regions directly adjacent to the external substrate surface, the grains 
are refined from ~20 µm to ~40 nm at the surface and slowly increase in size to ~200 nm at 
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depth of ~ 20 µm from the surface.  The surface near regions of the substrate develops up to 
~50% MVF with a significant drop off to ~10% MVF as the depth is increased to just below the 
nanocrystalline region at ~20 µm.  The significant grain refinement would be expected to be as-
sociated with an increase in mechanical strength. It can be speculated further that the nanocrys-
talline layer with is significant MVF could benefit from subsequent annealing heat treatments to 
impose SIM reversion and potentially reduce the excess free energy associated with the non-
equilibrium structures of the grain boundaries in the nanocrystalline scale microstructure ob-
tained in the near surface region of the substrate material.  Presumably, SIM reversion and re-
sultant reduction in MVF as well as the change of the grain boundary network structures to 
smaller free energy excess would provide for improved corrosion and irradiation resistance, at 
least to the plastically deformed state. 
The chip and the surface substrate in the near surface regions of perhaps up to about 
20µm below the surface exhibit considerable similarity regarding nanoscale grain refinement, 
rapidly changing MVF with distance below the external surface and increased mechanical 
strength.  For instance, using the 12.5 cm/s tool velocity as the standard, the TEM BF micro-
graphs and SADP obtained for the central regions for the chip and near surface region at depth of 
less than ~20 µm below the substrate surface show almost identical image contrast and micro-
structures with a grain size of ~40 nm.  The PED-OIM studies showed a significant difference in 
the amount of strain-induced martensite (SIM) for the central regions of the chip and the near 
surface regions (depth of less than ~20µm below the surface) of the substrate, with much larger 
fractions of martensite found in the surface substrate as compared to the chip.  This difference 
can be explained by the significantly higher temperature rise the material volumes of the chip 
have experience relative to the substrate material. For the latter cooling rates are much larger 
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than for the chip material and establishment of temperature elevation of up to nearly 200K, as 
has been observed in case of the chip materials, is prevented.  The temperature elevation for the 
chip material allows for reversion of a majority of martensite or preventing its formation.  With a 
larger fraction of martensite formation at the surface substrate as a result of the deformation pro-
cess, it is important to understand the measured hardness at the surface substrate.  The hardness 
result of the chips showed a higher hardness of the slowest tool velocity of 2.5 cm/s with a lower 
hardness for all other velocities; however, the Vicker’s hardness measured at the surface sub-
strate does not follow this trend.  All tool velocities at the surface substrate measure a hardness 
of ~320 HV or tensile strength of ~1010 MPa.  The difference between the chips and surface 
substrate can be attributed to limitation of the Vicker’s hardness testing for the substrate cross-
sections. When dealing with the cross-sectional substrate the scale of the Vicker’s indentations 
implies that the plastic response is dominated by material that lies at depth below the substrate 
surface in excess of ~15 µm. This affects the hardness measurements to be biased against prob-
ing sufficiently accurately the hardness increases associated with the nanocrystalline refined and 
large MVF containing near surface regions, which extend to about ~20 µm in depth below the 
substrate surface, as denoted earlier; therefore the Vicker’s hardness measurements cannot be 
considered fully indicative of the surface substrate material volumes, rather a measurement of the 
top ~15 µm.  It can be assumed that the hardness at the surface substrate is very similar to that of 
the chips with a hardness of ~500 VHN or tensile strength of ~1690 MPa, given the similarities 
of the microstructures.  Additionally, previous work from Guo et al. has also shown that there is 
a direct correlation of the microstructure and properties of the chip and that of the associated sur-
face substrate for this plastic deformation processing technique [111].           
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Figure 13 – Cross-sectional surface substrate following deformation with a tool velocity of 12.5 cm/s with the 
(a) inverted pole figure and (b) inverted pole figure map overlaid with the image quality map  
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Figure 14 – TEM BF and associated SADP and PED-OIM representation for the surface substrate deformed 
with a tool velocity of 12.5 cm/s at (a, e, i) the surface, (b, f, j) 5 µm, (c, g, k) 10 µm, and (d, h, l) 15 µm; (m) 
OIM legend 
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4.3 RECRYSTALLIZATION TEMPERATURE DETERMINATION 
The results presented in the previous sections (4.1 and 4.2) showed that linear plane strain 
machining produces microstructure and properties in the chip and the several tens of microme-
ters thick nanocrystalline layer of the surface substrate that are similar.  Given the intention to 
investigate Thermomechanical processing routes or strategies that might deliver scale refined 
316L microstructures that exhibit a combination of enhanced mechanical, irradiation resistance 
Figure 15 - PASAD data plot for the surface substrate deformed at 12.5 cm/s at the surface, 5 µm, 10 µm, and 
15 µm in depth 
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and corrosion resistance related performance the need for thermal treatments subsequent to the 
plastic deformation step by plane strain machining is required.  The similarity of the microstruc-
tures of the chip and the near surface regions in the substrates after plane strain machining de-
formation processing indicate that it is reasonable to utilize the chip material as a suitable ap-
proximate or stand-in for the near surface substrate material.  Characterization of the chip mate-
rial will allow development of basic understanding of the microstructural evolution following 
annealing heat treatments for the linear plane strain machining modified 316L. This is required 
to assist the development of processing pathways for optimization of the microstructural states 
during annealing heat treatments subsequent to the plane strain machining based plastic defor-
mation processing of the 316L.  The nanocrystalline layer that can be established in the substrate 
surface regions would be expected to offer great potential for irradiation resistance.  However, 
given the large fraction of SIM (50% MVF to 10% MVF in the top ~20µm) and the excess non-
uniform strain and defect content associated with the non-equilibrium structure of the grain 
boundaries in the severe plastic deformation derived nanocrystalline layers, a reduced corrosion 
resistance could reasonably be expected. Hence, subsequent annealing treatments would ideally 
reduce the effects from the microstructural features detrimental to corrosion resistance, while 
maintaining those beneficial to improved irradiation resistance, i.e., the nano-scale refined grain 
structure, if property optimization for reactor internal component application is desired.  
Thermal treatments for annealing to induce recrystallization after cold plastic defor-
mation to moderately large plastic strains on the order of 5-10% are suitable to exploit routes of 
grain boundary engineering (GBE) in austenitic stainless steels, FCC materials with moderate to 
low stacking fault energy, in order to establish corrosion and creep resistant grain boundary net-
works (GBN) comprising large fractions of low-energy GB segments. The first step in the grain 
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boundary engineering (GBE) is typically the identification of the recrystallization temperature of 
the plastically deformed microstructural state of the material of interest.  Further, it is important 
to monitor the changes in microstructure and the properties of the deformed material as function 
of temperature as the recrystallization temperature is approached.  Here, two tool velocities, 
12.5 cm/s and 25 cm/s, were selected for a study of the effect of strain and strain rate on the re-
spective annealing behavior with the aim to evaluate possible differences in the recrystallization 
temperature of the plane strain machining modified 316L material.  The chip materials were used 
for reasons of more efficient and rapid preparation of artifact free specimens for the heat treat-
ments, property measurements and microstructural studies by XRD and electron microscopy.  
Figure 16 and Figure 17 show the XRD line profile evolution for the two different tool velocities 
as the annealing temperature is increased from 350°C to 650°C in 50°C increments for isochro-
nal 1h long treatments.  Peak broadening analysis shows peak widths of the {111} austenite 
peaks to be 0.297° and 0.313° for the as deformed state of 12.5 cm/s and 25 cm/s respectively.  
Once the deformed material is exposed thermally to the annealing conditions, there is a signifi-
cant reduction in the peak broadening in the {111} austenite peaks, even at the lowest -
temperature of 350°C for both tool velocity conditions.  As the temperature increases, peak 
broadening continues to reduce to 0.085° for both tool velocities at 650°C.  Assuming the meas-
ured peak broadening observed here for all conditions is associated entirely with non-uniform 
strain stored in the heat treated deformation processed microstructures a strain magnitude and 
associated elastic stress magnitude has been determined and is documented in  
Table 7 and Table 8.  The observed trend of the {110} martensite peak is the develop-
ment of an observable peak in the as deformed state followed by a reduction in the peak intensity 
at 350°C; however, the intensity of the {110} martensite peak does not alter significantly for the 
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higher temperatures.  A plausible explanation of this phenomenon is that the easily revertible 
martensite reverts at the low temperature, but the remaining martensite requires a higher temper-
ature (e.g. >700°C) [112] to allow for its reversion.  Previously it has been noted that the alpha 
prime martensite has been observed to revert between 500°C - 800°C in 304 [113].  Follow the 
processing by linear plane strain machining, the {220} austenite peak is almost indiscernible in 
the XRD data, which is most likely related to strain and texture induced from the large magni-
tude and high rate plastic deformation.  A reduction in peak broadening along with an increase in 
intensity of the {220} austenite peak is observed for both tool velocities as the deformed chip is 
annealed up until 550°C.  At 550°C, the {220} austenite peak once again experiences broadening 
for both tool velocities.  With a further increase in annealing temperature, the {220} austenite 
peak broadening reduces and significant increase in intensity is observed.  Here, the intensity in-
crease in the {220} austenite peak is linked to the set of planes associated with grain growth fol-
lowing the deformation process. For both tool velocities the trends for of the {220} austenite 
peak intensity changes with annealing temperature indicate reduction in texture along with grain 
growth until 550°C where continued grain growth is observed above 600°C.  At 550°C, peak 
broadening and reduction of peak intensity is observed for both tool velocities.  Peak broadening 
is typically explained by non-uniform lattice strain induced by arrays of dislocations, which 
slightly alter the d-spacing in spatially separate regions in a compressive and in a tensile sense 
relative to the unstrained lattice, which results in a spreading of the intensity associated with a 
given set of lattice planes, {hkl}, over a range of diffraction angles [91].  In the case of the plane 
strain machined 316L during annealing, non-uniform lattice strain is not likely to be the actual 
cause of the observed peak broadening because the material is being heated and not strained.  
Ideally, the peak is derived from the lattice sum of domains over the entire crystal that creates a 
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diffraction line; however, in nano-sized grains have much smaller domain size, which creates a 
distribution of domains hence a broadened peak that is typically described through Scherrer’s 
equation [114].  The typical trend as nano-sized grains decrease in size is for the peak to broaden 
more.  The 25 cm/s has a slightly higher intensity of the {220} austenite peaks as compared to 
the 12.5 cm/s, which might be explained by slightly higher initial temperatures from the defor-
mation processes.  To verify the XRD broadening in the {220} austenite peak along with the as-
sociated reduction in peak intensity is related to a microstructural change in the material such as 
recrystallization, data from hardness and microstructural TEM would be necessary.  Hardness 
and MVF data are tabulated in  
Table 7 and Table 8.  The MVF as measured by the VSM to be in the ranges from ~3% to 
~1%, reducing as a function of temperature from the as the deformed state to 650°C.  The VSM 
data shows an initial reversion of the easily revertible martensite at a temperature of ~400°C.  
Once the easily revertible martensite is reverted by recovery related processes, the remaining 
SIM fractions are essentially constant for the annealing temperatures up to 650˚C during the 1h 
treatments.  The trend for hardness is similar for both tool velocities where hardness decreases 
until 550°C where there is a spike in hardness before rapidly decreasing. After recovery during 
annealing of the 316L austenitic stainless steel (e.g. 1h annealing T ≥400˚C), there are two major 
contributing factors in determining the hardness of the material: MVF and grain size.  Martensite 
is defined as a supersaturated solution of carbon in iron, which forms in a diffusionless transfor-
mation causing higher lattice distortion as compared to the lattice distortion seen in austenite 
grains and induces higher hardness to the martensite [16].  As mentioned previously, with the 
Hall-Petch relationship, hardness and mechanical strength is inversely proportional to the aver-
age grain size.   With little observable change in the MVF above 400°C, it can be assumed that 
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the origin or origins of the change in hardness value is or are likely directly related to grain 
growth.  Trends in the hardness data agrees with the XRD data indicating a recrystallization tem-
perature of 550°C for both tool velocities.  Conventional methods for determining when a cold 
deformed material has been recrystallized involved microscopy and texture measurements or 
monitoring of a suitably sensitive material property.  The microscopy method involves analyzing 
grains after annealing for grain refinement when grains transform from elongated cold worked 
grains into equiaxed smaller grains free of cold deformation induced defects [115].  In addition, 
texture measurements will be able to detect crystallization where the material will be textured 
after cold deformation; after recrystallization, there will be a significant drop or change in de-
formation related texture [116].  XRD, hardness, and magnetometry have indicated a potential 
recrystallization temperature; however, electron microscopy using PED-OIM is necessary for 
confirmation of the actual recrystallization temperature.  
 
 
Table 7 - Quantitative results of 316L chips deformed at a tool velocity of 12.5 cm/s follow heat treatments 
from 350°C to 650°C at 50°C intervals for one hour using XRD, VSM, and Vicker’s hardness 
Temper-
ature (C) 
Microstrain Stress (GPa) 
Grain 
Size 
(nm) 
– 
XRD 
Hardness 
(VHN) 
Tensile 
Strength 
(MPa) 
MVF – 
VSM (%) 
25 0.007 +/- 0.001 1.405 +/- 0.200 ~35 498 +/- 10 ~1690 3.3 +/- 0.5 
350 0.003 +/- 0.001 0.469 +/- 0.200 ~80 493 +/- 9 ~1660 3.3 +/- 0.5 
400 0.003 +/- 0.001 0.490 +/- 0.200 ~80 471 +/- 12 ~1570 2.0 +/- 0.3 
450 0.003 +/- 0.001 0.492 +/- 0.200 ~80 453 +/- 14 ~1500 1.7 +/- 0.3 
500 0.002 +/- 0.001 0.467 +/- 0.200 ~80 438 +/- 6 ~1440 1.5 +/- 0.1 
550 0.002 +/- 0.001 0.389 +/- 0.200 ~95 456 +/- 19 ~1510 1.5 +/- 0.1 
600 0.002 +/- 0.001 0.361 +/- 0.200 ~105 430 +/- 11 ~1410 1.3 +/- 0.1 
650 0.002 +/- 0.001 0.361 +/- 0.200 ~105 409 +/- 11 ~1330 1.3 +/- 0.1 
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Figure 16 – XRD line scans of the 316L chips deformed at a tool velocity of 12.5 cm/s follow heat treatments 
from 350°C to 650°C at 50°C intervals for one hour 
 81 
 
Figure 17 - XRD line scans of the 316L chips deformed at a tool velocity of 25 cm/s follow heat treatments 
from 350°C to 650°C at 50°C intervals for one hour 
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Table 8 - Quantitative results of 316L chips deformed at a tool velocity of 25 cm/s follow heat treatments from 
350°C to 650°C at 50°C intervals for one hour using XRD, VSM, and Vicker’s hardness 
 
 
Figure 18 and Figure 19 shows the PED-OIM representations for the 12.5 cm/s and 25 cm/s tool 
velocity conditions.  As described previously, the 12.5 cm/s tool velocity in the as deformed state 
(Figure 18A) has significant grain refinement with irregularly shaped grains that have a saw-
toothed edges and moderate internal strain.  The significance of the saw-toothed grains bounda-
ries may be indicative of possible geometric dynamic recrystallization as stated earlier.  After 1h 
annealing at 350°C (Figure 18B), the grains appeared to have elongated, internal strain has been 
relieved, and grain edges become smooth.  This annealing temperature is well below the recrys-
tallization temperature and indicative of the recovery and grain coarsening processes.  The first 
thermally activated processes to affect the microstructure are related to recovery, which is noted 
by a decrease in dislocation density achieved by dislocation motion and annihilation of disloca-
tions [16].  At slightly higher temperature, grain coarsening occurs, which is coarsening of the 
grains as result of motion of the grain boundaries [16].  At an annealing temperature of 350°C 
(Figure 18B), the IPF shows recovery and some grain coarsening as the excess free energy from 
Temperature 
(C) 
Microstrain Stress (GPa) 
Grain 
Size 
(nm) 
– 
XRD 
Hardness 
(VHN) 
Tensile 
Strength 
(MPa) 
MVF – 
VSM (%) 
25 0.007 +/-0.001 1.324 +/- 0.200 ~35 501 +/- 12 ~ 1690 3.2 +/- 0.7 
350 0.003 +/- 0.001 0.530 +/- 0.200 ~70 489 +/-19 ~1650 2.8 +/- 0.1 
400 0.003 +/- 0.001 0.586 +/- 0.200 ~65 444 +/- 7 ~1470 2.1 +/- 0.6 
450 0.002 +/- 0.001 0.445 +/- 0.200 ~85 440 +/- 7 ~1450 1.7 +/- 0.1 
500 0.002 +/- 0.001 0.455 +/- 0.200 ~85 430 +/- 9 ~1410 1.8 +/- 0.2 
550 0.002 +/- 0.001 0.455 +/- 0.200 ~85 466 +/- 11 ~1550 1.7 +/- 0.2 
600 0.002 +/- 0.001 0.361 +/- 0.200 ~105 427 +/- 10 ~1400 1.6 +/- 0.2 
650 0.002 +/- 0.001 0.361 +/- 0.200 ~105 377 +/- 20 ~1210 1.5 +/- 0.1 
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the plastic straining is relieved.  As the annealing temperature is increased to 500°C, the popula-
tions of grain begin to coarsen notably, which is illustrated in the IPF based orientation maps by 
the grain shape elongation.  Once the annealing temperature is raised to 550°C (Figure 18F), 
some of the grains begin to refine in scale. For this annealing temperature the XRD, magnetome-
try, and hardness data suggested that recrystallization may have occurred; however, the PED 
OIM mapping demonstrates that the grains are not fully equiaxed in shape, which may suggest 
the microstructure is not yet at its recrystallization temperature.  The other indicator of recrystal-
lization is significant reduction of the deformation-induced texture.  Unfortunately, the high rate 
and high strain deformation imparted by the linear plane strain machining did not induce a strong 
texture, rendering it difficult to use the metric of the texture reduction as a good indicator of the 
temperature where recrystallization occurs during 1h annealing treatments.  The grains become 
further scale refined, acquire more fully equiaxed shape and appeared free of cold deformation 
defects after the 650˚C 1h anneal.  The PED OIM data exhibit intragranular point-to-point diso-
rientation no greater than 2° for any of the grains analyzed after the 650°C 1h annealing (Figure 
18H).  Hence, for the 12.5 cm/s tool velocity condition for the 316L, 650°C is identified as the 
recrystallization temperature during 1h annealing.   
Figure 20 shows the grain size as a function of temperature determined here from PED 
OIM data sets.  One challenge that was faced in measuring an accurate value of grain size was 
the shape of the grains.  Because the grains are of elongated shape after most of the annealing 
conditions, the typical method of measuring diameter of the grains, simply assuming a circular 
shape, is not a viable or accurate method.  The best method to accurately measure grain size 
identified and utilized here involved measuring the major and minor axes of the elliptical shape 
grain cross-sections, and then using the average diameter of these axial dimensions of the aniso-
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tropic shape grains as an equivalent metric to determine the average grain size used in compari-
son of all the conditions.      
 
 
Figure 18 – PED-OIM representations of the 316L chips deformed at a tool velocity of 12.5 cm/s follow heat 
treatments (a) none, (b) 350°C, (c) 400°C, (d) 450°C, (e) 500°C, (f) 550°C, (g) 600°C, and (h) 650°C for one 
hour; (i) OIM legend 
 
The 25 cm/s tool velocity in the as deformed state (Figure 19A) has significant grain re-
finement with elongated shaped grains that have a saw-toothed edges and significant internal 
strain, very much akin to those reported and observed for the 12.5 cm/s tool velocity processed 
316L states.  After the 1h anneal at 350°C (Figure 19B), the IPF based orientation maps indicat-
ed intra- and intergranular strain relief, some grain coarsening, which is denoted by elongation of 
the grains, and grain edges transforming from saw-toothed rough to smooth boundary morpholo-
gies.   Similar to the observations reported for the 12.5 cm/s tool velocity deformation processed 
316L, the grains continued to elongate during annealing for the increased temperatures for up to 
550°C (Figure 19F) where the start of grain refinement was detected. Again, this is the tempera-
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ture at which XRD, magnetometry, and hardness data indicated changes that would imply the 
onset of recrystallization; however, as the PED OPIM data show that the grains are not fully 
equiaxed at this temperature, it appears reasonable to conclude that the microstructure is not 
quite yet at its recrystallization temperature.  At the moderately higher 1h annealing temperature 
of 600˚C the grains appear fully scale refined and equiaxed in shape. Furthermore, point-to-point 
disorientation no greater than 2° at any point within the grains indicates that after 600°C 1h an-
nealing internally essentially defect-free grains are established (Figure 19G).  Thus, it is reasona-
ble to conclude that for the 25 cm/s tool velocity condition of the linear plane strain machining 
modified 316L, 600°C is the recrystallization temperature.     
   
 
 
Figure 19 - PED-OIM representations of the 316L chips deformed at a tool velocity of 25 cm/s follow heat 
treatments (a) none, (b) 350°C, (c) 400°C, (d) 450°C, (e) 500°C, (f) 550°C, (g) 600°C, and (h) 650°C for one 
hour; (i) OIM legend 
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The chips produced from the 2-D linear plane-strain machining have been shown to rep-
resent very similar properties and microstructure as the nanocrystalline layer in the surface se-
vere plastic deformation processed plane strain machining modified substrates of the 316L.  In 
order to study the nanocrystalline layer independent of the regions below it, the chip was charac-
terized for identification of the recrystallization temperature associated with the linear plane 
strain machining modified nanoscale 316L microstructures. This would aid in determining the 
proper heat treatment condition windows to develop a material microstructure that ideally would 
combine features that would provide for both corrosion and irradiation resistance.  The recrystal-
lization temperature has been shown to be dependent on the strain rate. The recrystallization 
temperatures have been determined as 650°C and 600°C for the 12.5 cm/s and 25 cm/s tool ve-
locity, respectively. For the higher strain rate processing condition as slightly lower recrystalliza-
Figure 20 – Grain size measurements as determined by PED-OIM of the 316L chips 
deformed at a tool velocity of 12.5 cm/s and 25 cm/s follow heat treatments from 
350°C to 650°C at 50°C intervals for one hour 
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tion temperature has been determined.  It is also noted through the experiments used for determi-
nation of the recrystallization temperature that below the recrystallization temperature is the line-
ar plane strain machining modified nanocrystalline scale 316L microstructures are quite resistant 
to grain coarsening. The grain size populations remain nano-scale for the average grain sizes 
ranging from~40 nm to ~100 nm after 1h annealing in the range of 350-650˚C.    Additionally, it 
is shown that the easily revertible martensite is reverted at 400°C meanwhile a majority of the 
internal strain is relieved at 350°C. 
4.4  FOLLOW ON EXPERIMENTS 
To develop further improved heat treatment in the progression towards developing plastic 
deformation processing modified 316L material with scale refined microstructures exhibit a 
combined improvement of corrosion and irradiation resistant properties, the effects of longer 
term exposure to temperatures relevant to the normal operation environment of a nuclear reactor 
internal component, i.e. ~290-340˚C, is needed.  Furthermore, the responses of the high strain 
and high strain rate deformation processing derived 316L microstructures to higher temperature 
heat treatments on the nanocrystalline layer and the interaction of the nanocrystalline layer with 
the regions below it need to be assessed. 
4.4.1 Long Term Low Temperature Experiment 
A long term annealing experiment was performed at a temperature equivalent to the max-
imum operating temperatures that would be experienced in a nuclear reactor environment, name-
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ly, at 350°C for 500 hours. Assessing the resultant microstructural and property changes to the 
316L microstructures and properties after the plane strain machining deformation processing 
would assist in assessing and understanding of the effects of such relatively low temperature ex-
posures on the nanocrystalline material. Here the 316L chip material obtained for the 25 cm/s 
tool velocity plane strain machining has been used.  Figure 21 shows the XRD line scan of the 
chips with a 25 cm/s tool velocity in the plastically deformed state and after the 1h-annelaing 
treatments with the added condition of 350°C for 500 hours. Compared to the 1h-sample heat 
treated at 350°C the 500h- sample the martensite {110} peak intensity is reduced to a level com-
parable to that observed after 1h annealing at 500˚C.  The magnetometry measurements con-
firmed the reduction in the MVF indicated by the surface biased XRD. The VSM measurements 
determined a volumetrically averaged SIM fraction or MVF of 1.5% +/- 0.1% using a 100µm 
thick section, as was done also for all other MVF measurements. After 500 hour 350˚C annealing 
the 316L retained a MVF similar to those observed for the 1h annealing after 500-550˚C. The 
reduction in martensite content in the material is an expected response for the 500 hour heat 
treatment.  Martensite reversion is a thermally activated process with kinetics for the transfor-
mation being related inversely ration of the magnitude of the activation energy and the absolute 
temperature by a power-law. For a given temperature the fraction transformed is expected to in-
crease with time at that temperature.   Peak broadening analysis of the XRD data for the 500h 
350˚C annealed 316L chip shows a peak broadening of 0.146°, which correlates to a grain size of 
~60 nm if the peak broadening is assumed to be associated entirely with grain size effects. Given 
that the low temperature 1h annealing indicated that recovery processes essentially relieved in-
ternally stored strains form the deformation processing it appears reasonable to consider grain 
size effects as the main contributions to the peak width.  The XRD determined grain size is simi-
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lar to the value determined for the same annealing temperature for only one hour at 350˚C, which 
can be taken to imply that almost no grain growth occurred over the additional 499h of thermal 
annealing exposure.   Assuming the measured peak broadening is associated entirely with non-
uniform strain stored in the heat treated deformation processed microstructures a strain magni-
tude and associated elastic stress magnitude is 0.003 +/- 0.001 and 0.615 GPa +/- 0.200 GPa, 
which is indicative of strain relieved microstructure.  The Vicker’s microhardness measurements 
for the 500h 350˚C annealed 316L chip material with a value of to 480 VHN +/- 22 VHN shows 
essentially no change from the state of the 1 hour 350˚C annealed sample with 493 VHN +/- 9 
VHN.  
 
Figure 21 - XRD line scans of the 316L chips deformed at a tool velocity of 25 cm/s follow heat treatments 
from 350°C to 650°C at 50°C intervals for one hour and 350°C for 500 hours 
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Remarkably, the plane strain machining deformed 316L material retains its enhanced me-
chanical strength, about three-fold elevated hardness relative to the state prior to plastic defor-
mation processing extended time period during annealing at 350°C.  TEM analysis is necessary 
to observe additional details and to identify potential differences in the microstructure that are 
induced during the 500h 350˚C extended period of heat treatment.  Figure 22 shows BF imaging, 
SADP, and PED-OIM data for the deformed 316L chip sample that has been annealed at 350°C 
for 500 hours.  The microstructure does not exhibit significant differences regarding the scale or 
general grain morphology when heated for 500 hours as compared to 1 hour. In combination the 
BF image and SADP, with the small amount of radial width of the diffraction maxima in the 
ring-type pattern, indicate the presence of a multitude of different orientation crystallites (grains), 
i.e., a nanocrystalline microstructure with moderate dislocation content. The IPF-based orienta-
tion maps obtained by PED TEM shows that the nanocrystalline scale grains are slightly elongat-
ed and appear to exhibit signs of beginning of grain some coarsening with smooth grain bounda-
ry morphology. The majority of the cold deformation induced internally stored strain has been 
relieved with clearly very limited grain size coarsening, which is consistent with the respective 
XRD data.  The grain size has been measured through PED-OIM to be ~45 nm for the 500h 
350˚C, which represents only a very slight increase from the 1 hour annealed sample. The na-
noscale grain refined 316L exhibits slow grain growth kinetics at 350˚C over the 500 hour time 
period of annealing. Additionally, there is no obvious or pronounced change in texture observed 
in the material following 350˚C annealing for 500 hours. 
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Figure 22 – (b) PED-OIM representation and (c) BF micrograph along with associated SADP of the 316L 
chip deformed at a tool velocity of 25 cm/s follow a heat treatment of 350°C for 500 hours; (a) OIM legend 
4.4.2 High Temperature for Short Duration Experiment 
Thermal stability has been established for the nanocrystalline microstructures that are 
produced by the linear plane strain machining modification in the 316L materials for moderately 
temperatures equivalent to maximum temperatures that would be experienced in a nuclear reac-
tor environment, e.g. T≤350˚C. In order to significantly modify the nanocrystalline microstruc-
tures in the 316L substrates after plane strain machining, such that they are likely to provide im-
proved corrosion and irradiation resistance, e.g. further reduce the MVF and induce GBE, it is 
proposed here that a very rapid, short duration heat treatment at a high temperature should be 
explored also. To evaluate the effects of a rapid and short duration higher temperature (T≥650˚C) 
chips produced from the 2-D linear plane-strain machining deformation process by application of 
a 25 cm/s tool velocity were selected for initial experimentation.  The chips have been annealed 
at 800°C for 5 minutes.   
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Figure 23 shows an inverted pole figure and grain boundary character map derived from 
EBSD data acquired using SEM techniques.  The nanocrystalline grains of the original as-
deformed state have undergone significant grain growth.  The grain populations display normal 
grain growth with self-similar grain elongated grain shapes  and of average size ~1 µm in equiva-
lent diameter.  The grain size remains still significantly refined as compared to the as received 
material with initially ~22µm average grain size.  The retention of significantly refined grain size 
scale is associated with an increased grain boundary density, which would be predicted to pro-
vide an increased volume density of suitable point defect sinks; thus, the microstructure would 
be appear to provide some potential for improved irradiation resistance with respect to the as-
received state prior to deformation processing by plane strain machining.  Also, the strong link 
fraction of the grain boundaries in the network of grain boundaries is ~0.160, which is a marked 
improvement from the as-deformed material state with ~0.060 of strong link fraction, but still 
only about half of that found for the as-received material with a strong link fraction of ~0.350.  It 
is noted that the grains formed the strong link boundaries were grouped together indicating pos-
sible improved grain boundary interconnectivity with a higher percentage of strong links.  Con-
tinued improvements in the strong link fraction can be attained presumably with a longer anneal-
ing time at 800°C such as 30 minutes without much sacrifice of mechanical strength and grain 
size – the goal would be to keep the average grain size under 5 µm in order to retain some of the 
mechanical strength benefits from grain refinement while also obtaining improved corrosion re-
sistance.  The explorative experimentation executed here for elevated temperature annealing 
shows some promise regarding development of larger strong link fraction in the grain boundary 
network. Taken together with the lower temperature annealing treatment studies this implies that 
strategies to establish thermally stable microstructures with enhanced property combinations re-
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garding mechanical strength, corrosion and irradiation resistance might be accomplished in a 
two-step heat treatment plan.                 
         
Figure 23 – (a) EBSD-OIM representation and (b) strong link map of the 316L chip deformed at a tool veloci-
ty of 25 cm/s follow a heat treatment of 800°C for 5 minutes; (c) OIM legend 
4.4.3 Thermal Stability of Surface Substrate 
Up to this point, an understanding of the 2-D linear plane-strain machined has been de-
veloped.  Additionally, an understanding has been formed regarding heat treatments of nanocrys-
talline layer.  The question of how the nanocrystalline layer interacts with the other regions dur-
ing bulk heating remains.  The cross section of a surface substrate that has been deformed 
through 2-D linear plane strain-machining with a tool velocity of 12.5 cm/s was selected.  After 
deformation, the surface substrate was subject to bulk heating of 650°C for one hour, which was 
selected due to be slightly higher than the recrystallization temperature of the nanocrystalline 
layer.  Figure 24 shows the inverted pole figure representation derived from SEM-EBSD evolu-
tion as a function of temperature.  The effect of bulk heating on the cross-sectional surface sub-
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strate is quite obvious in the first hour at 650°C.  The nanocrystalline region slowly decreases 
from ~20 µm to about ~5 µm.  The decrease in the nanocrystalline region is not from recrystalli-
zation in the heavily deformed region; rather, the micron sized grains from below consume the 
nanocrystalline region.  It appears the bulk grains consume the nanocrystalline region at a rate of 
5 µm every 15 minutes at 650°C.  This shows the thermal instability of the grains of the regions 
below the nanocrystalline region, and effectively removes all potential positive benefits of the 
deformation method.  Because bulk heating is ineffective, other heating processes will need to be 
analyzed in the future that affect only the machined surface such as laser heating such that only 
the nanocrystalline grains are annealed.          
      
Figure 24 – Cross-sectional inverted pole figure representations of the 316L surface substrate deformed at 
tool velocity of 12.5 cm/s following heat treatment 650°C for (a) 0 minutes, (b) 15 minutes, (c) 30 minutes, and 
(d) 60 minutes; (e) OIM legend   
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5.0  SUMMARY AND CONCLUSIONS 
5.1 CONCLUSIONS 
Thermo-mechanical processing plays an important role in materials property optimization 
through microstructure modification, required by demanding modern materials applications.  
Due to the critical role of austenitic stainless steels, such as 316L, as structural components in 
harsh environments, e.g. in nuclear power plants, improved degradation resistance is desirable.  
A novel two dimensional linear plane-strain machining process has shown promise achieving 
significant grain size refinement through SPD and imparting large strains in the surface and sub-
surface regions of the substrate in various metals and alloys while imparting minimal SIM into 
the material.  The surface modification process produces SPD as a result of chip formation in 
simple plane-strain machining where a sharp wedge-shaped tool removes a preset depth of mate-
rial by moving in a direction perpendicular to its cutting edge.  Both the surface substrate and 
produced chip has been characterized at several different tool velocities (2.5 cm/s, 6.25 cm/s, 
12.5 cm/s, 25 cm/s) to fully understand the deformation technique.  Two different categories of 
observable trends can be stated regarding 2-D linear plane-strain machining of the 316L chips: 
tool velocity of 2.5 cm/s and tool velocities of above 6.25 cm/s where a change in deformation 
mechanism between the strain rates of 200 s
-1
 and 400 s
-1 
occurs.  Below a strain rate of 200 s
-1
, a 
larger fraction of strain induced martensite is present (~9 %) with moderate internal strain with a 
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grain refinement to ~75 nm that has a bimodal grain size distribution.  Above 400s
-1
, a consistent 
smaller fraction of strain-induced martensite (SIM) is present (~3 %) with moderate internal 
strain and a grain refined microstructure (~50 nm) having a unimodal grain size distribution.  As 
the strain rate is increased from 400 s
-1
 to ~1700 s
-1
, the grains experience higher peak tempera-
tures from the deformation process, the grains shift from a high distribution of irregular shaped 
grains to elongated shaped grains, and an increased sub-cell structure as noticed by the increase 
in intragranular strain and small angle grain boundaries also possessing a saw-toothed grain 
boundaries.  Upon the high strain rates being applied, the serrated grain boundaries approach 
each other from the grains elongating until they come into contact.  The boundaries are defects 
containing opposite signs causing annihilation of each other reducing the excess defect energy 
effectively inducing the grain pinch into two new grains with minimal to moderate strain con-
trast, which is known as geometric dynamic recrystallization.  This phenomenon is one that is 
typically experienced during hot deformation techniques but is present in the severe plastic de-
formation technique 2-D linear plane-strain machining.  
 The surface substrate after 2-D linear plane-strain machining shows that the deformation 
technique produces a nanocrystalline layer with the deformation being observable up to ~80 µm 
in depth from the surface.  Within the nanocrystalline layer, the grains are refined from ~20 µm 
to ~40 nm and forms ~50% MVF at the surface and the grain size slowly increase in size to ~200 
nm with a drop off to ~10 % MVF at ~ 20 µm in depth from the surface.  The significant grain 
refinement also shows an increase in mechanical strength, which following a heat treatment 
could develop a microstructure that provides corrosion and irradiation resistance.  The analysis 
of the chip and the surface substrate at shows very similar microstructure and properties.  Using 
the 12.5 cm/s tool velocity as the standard, the BF and SADP show almost identical microstruc-
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tures with a grain size of ~40 nm.  The PED-OIM shows a difference in the amount of strained 
induced martensite with a significant more martensite found in the surface substrate as compared 
to the chip.  This difference can be explained by the temperature rise experienced in the chip be-
ing significantly higher allowing a majority of martensite to be reverted.  Just like the produced 
chip, the nanocrystalline layer shows great potential for corrosion and irradiation resistance.  The 
chip allows characterization of the nanocrystalline layer independent of the regions below it.  
The first step in the grain boundary engineering is to identify the recrystallization temperature, 
and the change in microstructures and properties as the deformed material as function of temper-
ature as the recrystallization temperature is approached.  Two tool velocities, 12.5 cm/s and 25 
cm/s, were selected to analyze the effect of strain and strain rate on the recrystallization tempera-
ture. The recrystallization temperature is determined to be dependent on the strain rate where the 
recrystallization temperature is 650°C and 600°C for the 12.5 cm/s and 25 cm/s tool velocity re-
spectively.  Additionally, it is shown that the easily revertible martensite is reverted at 400°C 
meanwhile a majority of the internal strain is relieved at 350°C. 
Further annealing experiments were performed on the chips consisting of a low tempera-
ture for extended time period and a higher temperature for a brief period.  The chips were an-
nealed at 350°C for 500 hours, and the microstructure does not exhibit significant differences 
when heated for 500 hours as compared to 1 hour with minimal radial spread with a detectable 
orientation spreading indicating a nanocrystalline microstructure and moderate dislocation con-
trast.  Additionally, PED-OIM indicates that the grains are slightly elongated from the beginning 
phases of grain coarsening, smooth grain boundary edges and a majority of the internal stored 
strain has been relieved along with an average grain size of ~45 nm and no apparent change in 
texture.  There is a significant reduction in MVF as determined by magnetometry as it would be 
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expected for a 500 anneal time.  Additionally, PED-OIM indicates that the grains are slightly 
elongated from the beginning phases of grain coarsening, smooth grain boundary edges and a 
majority of the internal stored strain has been relieved along with an average grain size of ~45 
nm and no apparent change in texture.  There is a significant reduction in MVF as determined by 
magnetometry.  In essence, the deformed sample annealed at 350°C for 500 hours shows excel-
lent thermal stability.   
When the chips were annealed at 800°C for 5 minutes, the nanocrystalline grains show 
significant normal grain growth from the as deformed state ~1 µm in diameter.  The grain size is 
still significantly refined as compared to the as received material.  The increase in the number of 
grain boundaries will provide several more point defect sinks; thus, the microstructure will pro-
vide potentially improved irradiation resistance.  The strong link is ~0.160, which is marked im-
proved from the as deformed material ~0.060, but still less than the as-received material of 
~0.350.  More work is still required to develop a heat treatment plan increasing the fraction low 
energy grain boundaries.   
Heating experiments were performed see how the interface between the bulk grains and 
nanocrystalline grains interacted when heating the surface substrate cross section.  650°C for one 
hour with 15 minute intervals was selected at the tool velocity of 12.5 cm/s.  The effects of the 
heat treatments were quite obvious and extreme.  The nanocrystalline region slowly decreases 
from ~20 µm to about ~5 µm.  The decrease in the nanocrystalline region is not from recrystalli-
zation in the heavily deformed region; rather, the micron sized grains from below consume the 
nanocrystalline region.  It appears the bulk grains consume the nanocrystalline region at a rate of 
5 µm every 15 minutes at 650°C.  This shows the thermal instability of the grains of the regions 
below the nanocrystalline region, and effectively removes all potential positive benefits of the 
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deformation method.  Because bulk heating is ineffective, other heating processes will need to be 
analyzed in the future that affect only the machined surface such as laser heating such that only 
the nanocrystalline grains are annealed.          
5.2 FUTURE WORK 
Significant strides have been in understanding the microstructure and properties of 316L 
following deformation by 2-D linear plane-strain machining; however, there is still much re-
quired work that is necessary to be done.  The as deformed state is well characterized, but my 
research has room to work on the heat treatment plan to optimize for potential improved corro-
sion and irradiation resistance.  The material was annealed at 800°C for 5 minutes and provided 
positive results, but it is apparent either longer time period is required or slightly higher in hopes 
of developing a much higher strong link fraction, while minimizing grain growth.  Ideally, main-
taining the grain size less than ~5 µm will be able to allow a higher mechanical strength and sig-
nificant increase in grain boundaries for irradiation resistance.  Identifying a proper heat treat-
ment for the chips is essential in developing the ideal property and microstructure for the surface 
substrate.  An issue previously shown is annealing the surface substrate is the ability to anneal 
the surface substrate without causing the grains below the nanocrystalline layer from consuming 
the nanocrystalline layer.  Alternate heating methods such as surface laser heating will need to be 
investigated.  Complete characterization will be necessary on the surface substrate following sur-
face laser heating to verify a microstructure and properties ideal for corrosion and irradiation re-
sistance.  Once a proper heat treatment is identified, the necessary stress corrosion cracking test 
will be necessary to verify the microstructure does provide improved corrosion resistance.  The 
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proper test stress corrosion test under the stress of a 4 point bend jig, ASTM G36, will be per-
formed on the sensitized as received material, as deformed surface substrate, and the surface sub-
strate following heat treatments.  For characterization in potential improvements in irradiation 
resistance, ion implantation will be necessary to simulate conditions experienced in a nuclear re-
actor.  Ion implantation will be done using either neutrons or a heavy ion such as iron on the as 
received material, as deformed surface substrate, and the surface substrate following heat treat-
ments.  These tests will provide substantial proof of improvements of corrosion and irradiation 
resistance, and will verify indirect correlations of improved properties through the improved me-
chanical strength and the strong link fraction.               
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